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ABSTRACT 

 

 

For decades, the pursuit of clean and sustainable electricity through nuclear fusion has 

stood as an elusive grail in humanityôs technological journey. We can not only witness 

this energy in our parent star, the Sun, but also feel it on our skin under its rays; yet 

replicating this complex phenomenon on Earth has always remained far beyond our grasp 

as a species. Today, experimental fusion devices such as ITER (International 

Thermonuclear Experimental Reactor) demonstrate that we are closer than ever to 

achieve this revolutionary breakthrough. This thesis shifts the focus beyond ITER 

towards DEMOnstration Power Plants (DEMO), conceptual reactors designed to prove 

in the future the feasibility of continuously delivering clean and safe net electricity to the 

grid.  

Among the main challenges involved in developing DEMO fusion reactors, the materials 

challenge is paramount. The subject matter of this work is the class of High Heat Flux 

(HHF) materials required to manage extreme heat loads in these devices. To date, ITER-

Grade CuCrZr (IG-CuCrZr, 0.6-0.9 Cr ï 0.07-0.15 Zr ï Bal. Cu (wt.%)) is the baseline 

heat sink alloy, chosen for its combination of high thermal conductivity and relatively 

high mechanical strength, combined with good fracture toughness, availability, and 

relatively low cost. Achieving the optimal precipitate microstructure in CuCrZr, however, 

demands precise post processing, and elevated temperatures can quickly degrade its 

performance. 

The challenge intensifies during assembly, since high temperature joining methods such 

as welding, brazing or hot isostatic pressing (HIP), inevitably modify the optimised 

precipitate microstructure, thereby weakening the alloyôs mechanical and functional 

performance. Moreover, future DEMO reactors (and especially commercial fusion plants) 

will demand superior creep resistance, enhanced mechanical performance and robust 

behaviour under neutron irradiation. Under these conditions, IG CuCrZr is not expected 

to perform adequately: irradiation induced embrittlement below 275 ÁC, combined with 

long term creep requirements, further compromises its suitability. Various reinforcement 

strategies such as tungsten fibres or particles, and oxide dispersion strengthened (ODS) 

variants, are currently under investigation; however, this thesis takes Additive 

Manufacturing (AM) as a route by optimising advanced manufacturing processes with 

significant potential. 

Over the last decade, AM has established itself as an emerging manufacturing technology 

with great potential in metallic materials. AM enables the manufacture of net-shaped parts 

with highly intricate internal cooling structures, and has a great potential for reducing the 

number of joining processes that would otherwise degrade critical microstructures for the 

performance of the material. This is particularly relevant in nuclear fusion applications, 

where components not only present complex geometries but also require strict 

minimisation of welds and joints, especially those involving filler material. In this 

context, AM is not just advantageous: it may in fact be the only viable fabrication route 

for certain components. The approach taken in this thesis is to go beyond the geometric 

and manufacturing advantages of AM and explore its potential to enhance material 

properties. Rather than solely addressing design and assembly challenges, AM is here 

considered as a powerful tool to engineer improved microstructures directly during 

fabrication. In doing so, this work demonstrates that AM can deliver Cu alloys with 
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superior mechanical and functional performance compared to those produced through 

conventional processing routes. 

In this thesis, the Powder Bed Fusion (PBF) AM technology has been employed, 

specifically the electron beam-based PBF (PBF-EB). Although this technique is less 

widespread than its laser-based (PBF-LB) counterparts, it is proposed here as the most 

suitable approach for processing Cu-based alloys for fusion applications, due to the 

limitations observed in PBF-LB. Issues such as excessive reflectivity, poor densification, 

and cracking have been consistently reported in laser-based fabrication of Cu-based 

materials. While near-full densification has indeed been achieved in recent studies, it has 

required highly optimised processing conditions and considerable effort in process 

development. In contrast, this work advocates for the use of the electron beam-based 

approach as a more appropriate route for processing Cu-based materials, particularly 

when high thermal conductivity, structural integrity, and microstructural control are 

simultaneously required. 

In addition, the use of PBF-EB offers several further advantages over laser-based 

techniques, particularly relevant for the material under investigation in this work. First, 

the highly vacuum environment required by an electron beam system is especially 

beneficial when processing powders with high oxygen affinity, such as copper. This 

reduces oxidation during fabrication and, consequently, minimises the formation of 

oxide-induced porosity. A second key advantage relates to the dominant strengthening 

mechanism in CuCrZr: precipitation strengthening. The intrinsic preheating applied in 

PBF-EB (via both electron beam pre-scanning and sustained heating of the build 

platform) promotes an in-situ ageing process during fabrication. This results in the direct 

formation of a precipitation-hardened microstructure in the as-built condition, without the 

need for subsequent post-processing ageing treatments. 

Therefore, this thesis constitutes a materials science investigation into the feasibility of 

the PBF-EB process for fabricating IG-CuCrZr heat sink material for nuclear fusion 

applications. To this end, key process parameters were systematically optimised to push 

final densification towards 100 %. An extensive parametric optimisation campaign was 

required to achieve this goal. The results obtained demonstrate that, while near-full 

densification and excellent microstructural quality can be reached, the process remains 

highly sensitive to parameter tuning and strongly dependent on the characteristics of the 

powder feedstock. This underlines the importance of tailoring both the powder 

morphology and the processing strategy to ensure consistent and reproducible results. 

During the optimisation campaign, it was demonstrated that employing relatively low and 

constant electron beam scanning speeds (on the order of a few hundred mm/s) led to the 

best densification results. Interestingly, this is not typical in standard PBF-EB builds, 

where scan speeds often vary across different regions of the part. The optimised parameter 

set achieved in this study falls within what can be described as a slightly overmelted 

regime, based on the spherical microporosity observed in the fabricated specimens and in 

comparison with previous reports in the literature. This parameter set promoted a 

consistent overlapping of melt pools and remelting of previously deposited layers 

throughout the entire height of the specimens. As a result, the resulting microstructure 

was strongly influenced by these repeated thermal cycles, which played a key role in 

shaping grain morphology and precipitation behaviour. 

Residual porosity is an inherent feature of AM and, as such, must be a central focus during 

process optimisation. It effectively becomes a screening criterion when assessing 

fabrication strategies. In this work, it has been demonstrated that the spherical and non-
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interconnected microporosity (and absent at the specimen surface) can be effectively 

removed through HIP, resulting in an average relative density level of 99.5%. While this 

is a very good value, it still indicates some room for further improvement. As expected, 

the remaining porosity has a measurable impact on thermal conductivity. However, 

experimental measurements conducted in this work fall within the typical variability 

range reported in the literature for IG-CuCrZr, namely between 320 and 380 W/mĿK. 

These measurements were performed up to 400 ÁC, thus also confirming the thermal 

stability of the material within the operating range relevant to fusion applications. This 

confirms that the material, even in its current state of development, meets the thermal 

performance requirements for its intended application as a HHF material in nuclear fusion 

reactors. 

Additive processes like PBF inherently generate extreme thermal gradients and very rapid 

solidification rates, producing non equilibrium, hierarchical microstructures that span 

several orders of magnitude in scale and demand exhaustive multiscale characterisation. 

While this is a general feature of PBF technologies, it becomes particularly relevant in 

PBF-EB due to the sustained preheating applied during processing and the formation of 

nanoscale precipitates directly in the as-built material. In this work, macro  and mesoscale 

features were first examined by optical microscopy (OM). FieldEmission Scanning 

Electron Microscopy (FE-SEM) combined with Energy Dispersive X ray Sspectroscopy 

(EDS) then provided detailed insights into microscale characteristics, including the 

distribution and chemistry of precipitates. At the finest scale, Scanning/Transmission 

Electron Microscopy (S/TEM) resolved nanoscale features such as precipitates and 

dislocation networks formed during PBF EB. Finally, Electron Backscattered Diffraction 

(EBSD) was used to assess the crystallographic texture induced by fabrication, and 

orientation data were post-processed using the Bishop-Hill framework to compute the 

materialôs Taylor factor. 

This level of detailed characterisation is essential to understand the underlying 

mechanisms and dynamics that govern microstructure formation during fabrication. In 

this sense, the present work goes beyond validating the properties of the material 

obtained: it highlights how both processing parameters and post treatments can be used 

as active tools to tailor microstructures on demand for specific functional and mechanical 

requirements. AM is inherently anisotropic due to its layer-by-layer nature. Rather than 

being seen as a limitation, this anisotropy offers significant potential for designing 

processing strategies that promote the formation of substructures not typically accessible 

via conventional manufacturing methods. This opens the door to a new paradigm in which 

material properties can be engineered during fabrication through deliberate control of 

thermal histories and solidification paths. 

The microstructural results obtained in this work provide compelling examples of tailored 

features achieved through process design. Elongated grains aligned along the build 

direction (BD) were observed, as expected in PBF processes. Interestingly, the 

combination of scan strategy and process parameters used in this study resulted in the 

development of corrugated grain boundaries, a microstructural feature with proven 

potential to enhance creep resistance by suppressing grain boundary sliding. This is 

particularly relevant for HHF components. At a finer scale, subgrains developed a 

cellular-like arrangement, with dislocation-rich cell walls. Such features have previously 

been linked to increased mechanical strength without compromising ductility, providing 

an intrinsic microstructural advantage. 

Regarding precipitation, the as-built material already exhibited a refined distribution of 

strengthening precipitates (commonly known as Guinier-Preston zones), comparable in 
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size and density to those reported in conventionally processed IG-CuCrZr. The average 

precipitate size was measured at Ḑ4.5 nm; however, a substantial population of larger 

precipitates in the 10-15 nm range was also identified. These larger precipitates are known 

to promote dislocation looping via the Orowan mechanism, which has been proposed as 

a promising strategy to mitigate irradiation-induced embrittlement. Therefore, this 

represents another tailored microstructural feature, specifically relevant for fusion 

environments. Finally, the presence of coarser precipitates located at grain and subgrain 

boundaries was also confirmed. Such a distribution plays a key role in enhancing creep 

resistance by reducing grain boundary sliding during prolonged thermal exposure, 

providing yet another example of process-driven tailoring for targeted performance. 

The crystallographic texture developed was also characterised and the results revealed a 

fibre-type texture with <110> orientations preferentially aligned along BD, consistent 

with the epitaxial growth typically observed under steep thermal gradients. No cylindrical 

symmetry around BD was detected, confirming the presence of an inclined fibre texture. 

Pole figure analysis further enabled the identification and quantification of specific 

components within this fibre texture. Their evolution was monitored through post-

processing thermal treatments of varying durations. The results showed that the dominant 

<110> || BD texture progressively transitioned into a <100> || BD orientation, with other 

components emerging depending on the thermal exposure. This transition has significant 

implications for the mechanical behaviour of the material. 

To assess such implications, a novel methodology was developed in this thesis combining 

conventional texture analysis (such as pole figure and data orientation analysis) with 

Taylor factor computation based on the Bishop-Hill  framework, as previously introduced. 

While grounded in established mathematical theories and models, its application to 

IG CuCrZr produced by PBF EB represents an original contribution, offering a new 

approach for quantifying crystallographic texture effects in additively manufactured 

materials. The results confirmed an initially anisotropic response, with high Taylor 

factors along BD averaging 3.34, compared to the 3.05 value obtained along the 

transverse direction. Notably, this transverse direction was aligned with the loading axis 

in the tensile tests. However, thermal treatments ï particularly long-term (2 months) 

exposure at 375 ÁC ï promoted a convergence of the Taylor factor values along BD and 

the transverse direction, both stabilising around Ḑ2.7. This trend towards mechanical 

isotropy is highly desirable for structural reliability in fusion components. Beyond its 

direct relevance to the alloy and process studied, this methodology can be extended to 

other materials and manufacturing routes, offering a powerful tool for designing and 

tailoring anisotropy in advanced structural materials. 

Mechanical performance was evaluated through standard uniaxial tensile tests, 

miniaturised Charpy V notch impact tests for toughness, and Vickers microhardness 

measurements across different annealing conditions. These techniques are routinely 

employed for the qualification of structural materials and are therefore essential for 

assessing their suitability in demanding environments. Altogether, they provide a clear 

and quantitative understanding of how individual PBF EB parameters influence energy 

absorption, microstructural evolution and the mechanical behaviour of IG CuCrZr 

heat sink material. 

The mechanical response obtained in this work was found to be comparable to, and in 

some cases even superior to, values reported in the literature for conventionally 

manufactured IG CuCrZr. These results support the initial hypothesis that not only can 
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AM match the performance of traditional processing routes, but it also holds potential to 

enhance it. A comparison with recent studies on PBF-LB highlights a key distinction: in 

PBF-LB, the as-built microstructure tends to be a supersaturated solid solution due to the 

absence of powder preheating, resulting in poor mechanical performance unless a direct 

age-hardening (DAH) treatment is subsequently applied. Although such post-processing 

does lead to improved strength values (sometimes even exceeding those reported in this 

work) it reinforces the need for a dedicated ageing step in PBF-LB. In contrast, the 

preheating strategy inherent to PBF EB enables in-situ precipitation during fabrication, 

producing a strengthened microstructure directly in the as-built condition. 

Hardness measurements revealed values consistently above the minimum recommended 

for IG CuCrZr components in ITER applications (126 HV), as well as above the typical 

range reported in the literature for conventionally processed material (120-140 HV). After 

HIP treatment, values between 157 and 174 HV were obtained across the various 

conditions evaluated. These high hardness values provide indirect evidence of the well-

developed precipitation microstructure present in the material, although it is important to 

note that hardness is not governed exclusively by precipitation. Nevertheless, its 

sensitivity to microstructural features and the simplicity of the test makes hardness a 

valuable screening tool for rapid assessment of fabrication and heat treatment quality. In 

terms of toughness, miniaturised Charpy impact tests confirmed a good energy absorption 

capacity across all specimens. However, when compared to the upper range of values 

reported in the literature, the results suggest some room for improvement, likely linked 

to the residual Ḑ0.5% microporosity observed in the samples. 

Beyond the core findings, this work also confirms and substantiates several relevant 

aspects regarding composition and processing that are critical for future developments. 

First, it has been demonstrated that a slight increase in Cr content beyond the upper limit 

defined for IG-CuCrZr  does not lead to undesirable precipitate coarsening, suggesting a 

potential margin for mechanical performance enhancement without compromising 

thermal stability. Second, Zr has been found to have a particularly strong influence on 

mechanical strength. Based on the observed trends, this thesis advocates for a refined 

definition of allowable alloying element content (particularly Zr) within the current 

specification, to better align compositional choices with target performance requirements. 

Finally, the importance of minimising oxygen contamination throughout the entire 

fabrication chain was clearly confirmed. Although difficult to control, even modest 

increases in oxygen content were shown to impact densification and microstructural 

integrity, reaffirming the need for stringent powder handling and atmosphere control 

practices in AM of Cu-based alloys. 

These results establish a solid foundation for the qualification of PBF EB materials in 

nuclear fusion systems and point towards future pathways for performance enhancement 

through alloy and process design. 
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RESUMEN 

 

 

Durante décadas, la búsqueda de una fuente de electricidad limpia y sostenible a través 

de la fusión nuclear ha sido un objetivo esquivo en el camino tecnológico de la 

humanidad. Sentimos esta energía de nuestra estrella madre directamente en nuestra piel, 

bajo sus rayos; sin embargo, replicar este complejo fenómeno en la Tierra siempre ha 

estado fuera de nuestro alcance como especie. Hoy en día, dispositivos experimentales 

como ITER (Reactor Experimental Termonuclear Internacional) demuestran que estamos 

más cerca que nunca de lograr este avance revolucionario. Esta tesis dirige el foco más 

allá de ITER, hacia las futuras plantas de demostración (DEMO), reactores conceptuales 

diseñados para probar la viabilidad de suministrar de forma continua electricidad limpia 

y segura a la red. 

Entre los principales desafíos para el desarrollo de reactores de fusión tipo DEMO, el reto 

relacionado con los materiales es fundamental. El tema central de este trabajo se centra 

en los materiales sometidos a flujos térmicos intensos (High Heat Flux, HHF), necesarios 

para gestionar las elevadas cargas térmicas en estos dispositivos. Hasta la fecha, el 

CuCrZr grado ITER (IG-CuCrZr, 0.6ï0.9 Cr ï 0.07ï0.15 Zr ï resto Cu en %p) se 

considera la aleación base para disipadores térmicos, seleccionada por su combinación de 

alta conductividad térmica y resistencia mecánica relativamente elevada, junto con una 

buena tenacidad a fractura, disponibilidad y bajo coste. Sin embargo, lograr la 

microestructura óptima de precipitados en CuCrZr requiere tratamientos de post-

procesado muy precisos, y las altas temperaturas pueden degradar rápidamente su 

rendimiento. 

Este reto se intensifica durante el ensamblaje, ya que los métodos de unión a alta 

temperatura como la soldadura, el brazing o el prensado isostático en caliente (HIP) 

modifican inevitablemente la microestructura optimizada, debilitando así el rendimiento 

mecánico y funcional de la aleación. Además, los futuros reactores DEMO (y 

especialmente las plantas comerciales) exigirán una resistencia al creep superior, mejor 

comportamiento mecánico y robustez frente a la irradiación neutrónica. En estas 

condiciones, no se espera que IG-CuCrZr rinda adecuadamente: la fragilización inducida 

por irradiaci·n por debajo de 275 ÁC, junto con los requisitos de resistencia al creep a 

largo plazo, comprometen aún más su idoneidad. Si bien se están investigando estrategias 

de refuerzo como fibras o partículas de tungsteno y variantes reforzadas por dispersión 

de óxidos (ODS), esta tesis adopta la Fabricación Aditiva (Additive Manufacturing, AM) 

como vía alternativa mediante la optimización de procesos avanzados con alto potencial. 

Durante la última década, la AM se ha consolidado como una tecnología emergente con 

gran potencial en la fabricación de materiales metálicos. Permite la producción de piezas 

con geometrías finales e intrincadas estructuras internas de refrigeración, y tiene un 

enorme potencial para reducir el número de uniones que, de otro modo, degradarían 

microestructuras críticas. Esto resulta particularmente relevante en aplicaciones de fusión 

nuclear, donde los componentes no solo presentan geometrías complejas, sino que 

además requieren una estricta minimización de uniones, especialmente aquellas con 

material de aporte. En este contexto, AM no solo es ventajosa, sino que podría ser la única 

vía viable de fabricación para ciertos componentes. El enfoque de esta tesis va más allá 

de las ventajas geométricas y de fabricación, explorando el potencial de la AM para 
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mejorar directamente las propiedades del material. En lugar de limitarse a abordar los 

desafíos de diseño y ensamblaje, aquí se considera la AM como una herramienta poderosa 

para diseñar microestructuras mejoradas directamente durante la fabricación. Así, se 

demuestra que la AM puede producir aleaciones de Cu con propiedades mecánicas y 

funcionales superiores a las obtenidas por rutas convencionales. 

En esta tesis se emplea la tecnología de AM por fusión en lecho de polvo (Powder Bed 

Fusion, PBF), concretamente la variante basada en haz de electrones (PBF-EB). Aunque 

esta técnica es menos común que su contraparte láser (PBF-LB), se propone aquí como 

la más adecuada para procesar aleaciones base cobre en aplicaciones de fusión, dadas las 

limitaciones observadas en PBF-LB. Problemas como alta reflectividad, baja 

densificación y agrietamiento son frecuentes en la fabricación láser de materiales base 

Cu. Aunque en estudios recientes se ha alcanzado una densificación casi completa, ha 

sido necesario un desarrollo de proceso muy optimizado. En cambio, este trabajo aboga 

por el uso de PBF-EB como una ruta más adecuada, especialmente cuando se requiere 

alta conductividad térmica, integridad estructural y control microestructural. 

Además, el uso de PBF-EB presenta ventajas adicionales especialmente relevantes para 

el material estudiado. Primero, las condiciones de alto vacío que requiere el sistema de 

haz de electrones es beneficioso al procesar polvos con alta afinidad por el oxígeno, como 

el cobre. Esto reduce la oxidación durante la fabricación y minimiza la formación de 

porosidad inducida por óxidos. En segundo lugar, el mecanismo de refuerzo dominante 

en CuCrZr es el endurecimiento por precipitación. El precalentamiento intrínseco en 

PBF-EB (por escaneado previo del haz y calefacción sostenida de la base) promueve un 

envejecimiento in situ durante la fabricación. Esto da lugar a una microestructura 

endurecida por precipitación directamente en la condición as-built, sin necesidad de 

tratamientos de envejecimiento posteriores. 

Por tanto, esta tesis constituye una investigación en ciencia de materiales sobre la 

viabilidad del proceso PBF-EB para fabricar CuCrZr de grado ITER como material 

disipador de calor en aplicaciones nucleares. Para ello, se optimizaron sistemáticamente 

los par§metros clave del proceso para alcanzar una densificaci·n cercana al 100 %. Esto 

requirió una extensa campaña de optimización paramétrica. Los resultados muestran que, 

aunque se puede alcanzar una densificación casi total con buena calidad microestructural, 

el proceso sigue siendo muy sensible al ajuste fino de parámetros y fuertemente 

dependiente de las características del polvo de partida. Esto subraya la importancia de 

adaptar tanto la morfología del polvo como la estrategia de procesado para garantizar 

resultados reproducibles y consistentes. 

Durante la optimización, se demostró que el uso de velocidades de escaneado del haz 

relativamente bajas y constantes (del orden de unos cientos de mm/s) condujo a los 

mejores resultados de densificación. Esto no es habitual en construcciones estándar por 

PBF-EB, donde las velocidades suelen variar según la zona. El conjunto de parámetros 

optimizado en este estudio se sitúa en un régimen ligeramente sobrefundido, según la 

microporosidad esférica observada y en comparación con estudios previos. Este conjunto 

favoreció una superposición coherente de las melt pools y la fusión repetida de capas 

previas, influyendo fuertemente en la morfología de grano y en la precipitación. 

La porosidad residual es una característica inherente a la AM, y por tanto debe abordarse 

como un criterio de evaluación central. En este trabajo, se ha demostrado que la 
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microporosidad esférica, no conectada y ausente en la superficie puede eliminarse 

eficazmente mediante HIP, alcanzando una densidad relativa media del 99,5 %. Aunque 

es un valor excelente, aún deja cierto margen de mejora. Como era de esperar, la 

porosidad restante afecta a la conductividad térmica. Sin embargo, las medidas 

experimentales se sitúan dentro del rango típico reportado para IG-CuCrZr (320-

380 W/mĿK). Estas medidas, realizadas hasta 400 ÁC, confirman la estabilidad t®rmica 

del material en el rango operativo relevante, cumpliendo con los requisitos funcionales 

como material HHF para reactores de fusión nuclear. 

Procesos aditivos como PBF generan gradientes térmicos extremos y velocidades de 

solidificación muy elevadas, dando lugar a microestructuras jerárquicas fuera de 

equilibrio que requieren una caracterización multiescala exhaustiva. Esto es 

especialmente relevante en PBF-EB debido al precalentamiento sostenido y la formación 

directa de precipitados nanoscópicos. En este trabajo, las características macro y 

mesoscópicas se analizaron mediante microscopía óptica, las características 

microscópicas mediante FE-SEM con EDS, y las nanoscópicas mediante S/TEM. 

Además, se caracterizó la textura cristalográfica con EBSD y se calcularon los factores 

de Taylor con el marco de Bishop-Hill . 

Este nivel de caracterización permite comprender los mecanismos que gobiernan la 

formación microestructural. Más allá de validar las propiedades del material, este trabajo 

demuestra cómo los parámetros de fabricación y tratamientos térmicos permiten ajustar 

microestructuras a medida para requisitos funcionales y mecánicos específicos. La AM 

es inherentemente anisotrópica debido a su naturaleza capa por capa, y el mismo proceso 

puede ser aprovechado para inducir subestructuras no accesibles por métodos 

convencionales, inaugurando un nuevo paradigma en el diseño de materiales. 

Los resultados microestructurales de este trabajo muestran características ajustadas 

mediante el diseño del proceso. Se observaron granos elongados alineados con la 

dirección de construcción (BD) y bordes de grano corrugados, que podrían mejorar la 

resistencia al creep al suprimir el deslizamiento intergranular. A escala más fina, los 

subgranos desarrollaron estructuras celulares ricas en dislocaciones. En cuanto a los 

precipitados, se observaron zonas Guinier-Preston de tamaño y densidad comparables a 

las obtenidas por procesamiento convencional, con precipitados de Ḑ4,5 nm y una 

fracción significativa en el rango 10-15 nm (relevantes para endurecimiento Orowan). 

También se identificaron precipitados gruesos en bordes de grano y subgrano, lo cual 

favorece la resistencia al creep. 

La textura cristalográfica desarrollada fue de tipo fibra con orientaciones <110> alineadas 

con BD, sin simetría cilíndrica e inclinada un cierto ángulo. El análisis de figuras de polos 

permitió identificar y cuantificar componentes específicos, cuyo comportamiento ante 

tratamientos térmicos se estudió. Se observó una transición de <110> || BD a <100> || BD, 

con implicaciones mecánicas relevantes. 

Para evaluar estos efectos, se desarrolló una metodología que combina análisis 

convencional de textura con el cálculo del factor de Taylor usando el marco Bishop-Hill . 

Su aplicación a CuCrZr procesado por PBF-EB representa una contribución original. 

Inicialmente se observaron factores de Taylor más altos en BD (3.34) frente a la dirección 

transversal (3.05), pero tras tratamiento t®rmico prolongado a 375 ÁC, ambos 

convergieron hacia Ḑ2.7, indicando una tendencia hacia la isotropía mecánica. 
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Las propiedades mecánicas se evaluaron mediante ensayos de tracción, impacto Charpy 

miniaturizado y microdureza Vickers. Estos ensayos demostraron un comportamiento 

comparable, e incluso superior, al de CuCrZr convencional. La comparación con PBF-

LB mostró que, en ese caso, el envejecimiento post-proceso es esencial para obtener buen 

rendimiento, mientras que en PBF-EB se consigue directamente en estado as-built gracias 

al precalentamiento. 

Las durezas obtenidas fueron consistentemente superiores al mínimo requerido para 

componentes de ITER (126 HV), alcanzando entre 157 y 174 HV tras HIP. Las pruebas 

de impacto indicaron buena tenacidad, aunque ligeramente inferior a los valores máximos 

reportados, probablemente por la microporosidad residual del 0,5 %. 

Finalmente, este trabajo confirma varios aspectos clave para desarrollos futuros. Se ha 

demostrado que un ligero aumento en el contenido de Cr no conlleva engrosamiento de 

precipitados, abriendo margen de mejora mecánica. También se ha constatado que el Zr 

influye fuertemente en la resistencia, proponiendo un ajuste más fino en las 

especificaciones actuales. Por último, se ha confirmado la importancia crítica de 

minimizar el oxígeno a lo largo de toda la cadena de fabricación. Incluso incrementos 

moderados impactan negativamente en la densificación y la integridad microestructural, 

subrayando la necesidad de un control atmosférico riguroso en la AM de aleaciones base 

Cu. 

Estos resultados sientan una base sólida para la cualificación de materiales PBF-EB en 

sistemas de fusión nuclear y apuntan hacia futuras estrategias de mejora mediante diseño 

de aleación y proceso. 
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ñPrev. Batch 2ò. The minimum hardness value recommended for IG-CuCrZr in SAA condition is 

also indicated (126 HV) [229]. .................................................................................................. 255 
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Introduction , objectives and structure of the thesis 

 

 

The present doctoral thesis has been conducted within the framework of European 

research efforts aimed at developing nuclear fusion as a viable and sustainable energy 

source. In this context, EUROfusion ï formerly the European Fusion Development 

Agreement (EFDA) ï coordinates a wide range of activities focused on the design and 

validation of key technologies for future fusion power plants. 

The research has been carried out at CIEMAT (Centro de Investigaciones Energéticas, 

Medioambientales y Tecnológicas), a Spanish public research organisation under the 

Ministry of Science, Innovation and Universities. Fusion research at CIEMAT is led by 

the National Fusion Laboratory (LNF), which plays a key role in national and 

international fusion programmes, including contributions to ITER, EU-DEMO and 

IFMIF-DONES. This thesis has been conducted in collaboration with CEIT, a Spanish 

technology centre specialised in advanced manufacturing and materials research, and 

includes a research stay of 3 months at DTU (Technical University of Denmark). The 

research was funded by the EUROfusion Consortium, under the Euratom Research and 

Training Programme (Grant Agreement No 101052200ïEUROfusion), by the Spanish 

Ministry of Science and Innovation through Grant TED2021-129825A-I00 (funded by 

MICIU/AEI/10.13039/501100011033 and the European Union 

NextGenerationEU/PRTR), and by internal funds from the National Fusion Laboratory. 

The development of a viable fusion power plant involves overcoming a wide range of 

scientific and technological challenges. Among them, the identification and qualification 

of materials that can withstand extreme operational conditions ï including high neutron 

fluxes, intense thermal loads, and long service lifetimes ï are considered some of the most 

critical ones. These challenges call not only for improved material formulations, but also 

for advanced fabrication methods capable of tailoring microstructures and properties to 

meet stringent design requirements. 

In this framework, this thesis explores the use of additive manufacturing to leverage the 

inherent benefits that this advanced manufacturing method offers. The most obvious 

advantage is the unprecedented design flexibility producing net-shape parts while 

reducing the need for welding and joining operations, processes that can alter the 

microstructure of the material with potentially critical consequences for component 

performance from an engineering perspective. Moreover, additive manufacturing 

produces materials layer by layer under highly non-equilibrium conditions, ultimately 

providing the capacity of tailoring specific unconventional microstructures which may 

offer numerous benefits depending on the application. Accordingly, this thesis is a 

scientific work focused on the field of materials science, aiming at producing a material 

with specific performance requirements and a well-defined context and purpose, via 

advanced manufacturing methods. 

The material studied is the ITER Grade CuCrZr, a precipitation-hardened Cu-based alloy 

selected by the fusion community as the baseline option for heat sink purposes under 
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demanding conditions such as those exhibited in fusion reactors. Heat sink materials in 

these environments must meet rigorous requirements, not only to withstand extremely 

high thermal loads on the order of several MW during normal operation (with peak values 

under transient events potentially reaching the order of 100 GW), but also to provide 

sufficient mechanical strength. However, while CuCrZr shows promising characteristics, 

it still presents significant challenges for meeting all the functional and mechanical 

requirements in experimental fusion devices. 

The innovative motivation of this work lies in a specific powder-based additive 

manufacturing process, the so-called Powder Bed Fusion Electron Beam melting (PBF-

EB). This thesis will explore how the use of electron beams can provide certain 

advantages for the processing of Cu and Cu-based alloys, particularly by mitigating the 

reflectivity issues that typically limit energy absorption in laser-based additive 

manufacturing systems. In addition, the vacuum environment required for electron beam 

operation significantly reduces powder oxidation, a particularly important challenge 

when working with high oxygen affinity materials such as Cu. Throughout this study, the 

potential of this technique as an alternative to more widely used additive manufacturing 

methods will be assessed, with a particular focus on its suitability for materials like Cu 

and its alloys. 

Building upon this motivation and technological context, the present thesis has been 

structured around a set of well-defined objectives, aimed at addressing the challenges 

associated with the additive manufacturing of CuCrZr for fusion applications. As 

mentioned, engineering requirements for CuCrZr are precisely formulated within the 

fusion field. In particular, the previously mentioned ITER Grade CuCrZr is defined not 

only by specific compositional limits suitable for nuclear fusion environments, but also 

by established and conventional processing routes that promote microstructures which 

combine high mechanical strength with excellent thermal conductivity. Therefore, the 

main objective of this work is to evaluate the feasibility of a specific electron beam 

powder-based additive manufacturing technique for producing CuCrZr within the 

compositional limits defined for the ITER Grade, and with functional and 

mechanical properties comparable to, or better than, those obtained through 

conventional processing. 

Reaching this overall goal requires addressing several key aspects, which are reflected in 

the following specific objectives: 

 

ü To produce ITER-Grade CuCrZr material by electron beam-based additive 

manufacturing while establishing a solid understanding of the influence of 

processing parameters on the final material properties. Ultimately, the process 

should be optimised by defining suitable parameters that enable the production of 

densified and defect-minimised components. 

 

ü To validate that the obtained functional and mechanical properties are at least 

comparable to the average values reported for conventionally processed ITER-

Grade CuCrZr, thus meeting the requirements for heat sink applications in fusion 
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environments. This will require to carry out the in-depth characterisation of the 

produced materials. 

 

ü To assess the thermal stability of the additively manufactured CuCrZr, verifying 

that the material retains its required functional and mechanical performance after 

long-term exposure to elevated temperatures, as expected in fusion reactor 

operating conditions.   

 

ü To develop a novel characterisation methodology for additively manufactured 

materials based on advanced techniques, with a focus on their unique 

microstructural and mechanical features resulting from the highly non-

equilibrium conditions inherent to additive manufacturing processes. 

 

 

All in all, this research does not only aim to expand the scientific understanding of 

CuCrZr processing through additive manufacturing, but also to contribute to the broader 

effort of developing advanced materials and fabrication strategies suited to the extreme 

demands of nuclear fusion technology. It reflects the ambition of transforming 

fundamental materials knowledge into practical solutions for one of the most complex 

and promising energy challenges of our time. Beyond its relevance to fusion, however, 

the insights gained throughout this work are inherently transversal, as CuCrZr is also 

widely employed in other engineering fields where efficient heat transfer must be 

combined with high mechanical performance. 

 

The manuscript is structured in 7 separate chapters: 

Chapter 1 provides the general scientific and technological background in which 

this thesis is framed. It begins with an overview of the current global energy landscape 

and its future projections, followed by a detailed introduction to the fundamentals of 

nuclear fusion energy. This includes a historical perspective, the theoretical basis and 

principles of fusion reactions, and a discussion of the main scientific and technological 

pillars that currently sustain research in the field. The chapter concludes with a section 

dedicated to the materials challenge, a key issue in enabling the development of future 

fusion power plants. 

 

Chapter 2 surveys the evolution and processing of the CuCrZr alloy for fusion 

applications, from its precipitation strengthening basis and conventional 

thermomechanical treatments, through the stricter compositional and heat treatment 

protocols of ITER grade material, to its adaptation for powder bed fusion additive 

manufacturing. It highlights how processing parameters control microstructure and 

properties, assesses AMôs potential (and its challenges) for complex, net shape CuCrZr 
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components, and introduces a Taylor factor framework to quantify texture driven 

strengthening and guide the thesisôs experimental and modeling investigations. 

 

Chapter 3 outlines the methodology for producing and evaluating IG-CuCrZr 

material via PBF-EB used in this research: it starts with gas atomisation of both lab made 

and commercial powders and examines how powder characteristics influence PBF EB 

layer deposition and part density; presents the optimization of PBF EB fabrication 

parameters and subsequent densification and heat treatments; details the characterisation 

techniques including density and thermal conductivity assessment, mechanical testing 

(tensile, Charpy, microhardness), and multiscale microscopy (OM, FE SEM, EBSD, 

EDS, S/TEM); describes metallographic preparation and EBSD orientation processing 

via MTEX in Matlab along with Taylor factor computations to link texture to strength; 

and concludes presenting the thermal stability ageing studies carried out. 

 

Chapter 4 presents the evaluation of the PBF EB CuCrZr material: it begins 

with relative density measurements and post build densification methods to minimise 

porosity, then moves to thermal conductivity testing across reactor relevant temperatures. 

Multiscale microstructural characterization follows, from mesoscopic melt pool and 

grain structure analyses (OM, FE-SEM) to nanoscale S/TEM investigations of 

nanoprecipitates. Next, EBSD based texture mapping is combined with Taylor factor 

analysis to predict anisotropic yield behaviour. Finally, mechanical performance is 

assessed through tensile tests (room and elevated temperature), Charpy impact, and 

hardness measurements, with comparative builds demonstrating the benefits of optimized 

powder and processing routes. 

 

Chapter 5 links PBF EB processing and post treatments to final material 

performance in IG-CuCrZr from the results presented in Chapter 4: it shows how energy 

input and HIP control porosity, how residual defects and solute retention affect thermal 

conductivity, how meso  and nanoscale microstructures evolve, and how EBSD based 

texture (via Taylor factor analysis) predicts anisotropic yield behavior. These structural 

and textural insights are then correlated with tensile, impact, and hardness results to derive 

clear guidelines for tailoring PBF EB parameters and heat treatments to meet specific 

property targets in fusion relevant CuCrZr components. 

 

Chapter 6 and Chapter 7 consolidate the thesisôs key findings into a cohesive 
set of conclusions and chart the future research avenues needed to further advance 

PBF EB CuCrZr development for fusion reactor applications. 
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Chapter 1. Setting the stage: Materials and energy challenges 

for nuclear fusion 

 

 

 

Chapter 1 lays the groundwork for the thesis by first framing todayôs global energy 

dilemma: growing demand, geopolitical volatility, and the urgent imperative to 

decarbonize in the face of climate change. It reviews the limitations of our current energy 

mix (still dominated by fossil fuels) and introduces nuclear fusion as a long term, 

carbon free alternative with the potential to deliver vast and baseload power. The 

principles of nuclear fusion are then introduced, highlighting fusionôs inherent safety 

advantages and fuel abundance, while acknowledging its unresolved technical hurdles. 

Building on this foundation, the chapter outlines the fundamental physics of fusion 

energy. It explains the choice of the deuterium-tritium (D-T) reaction, presents Lawsonôs 

criterion and the triple product as metrics for ignition, and surveys the two principal 

confinement approaches. Magnetic confinement devices (principally tokamaks and 

stellarators) are described in terms of their magnetic field geometries, plasma stability 

challenges, and ongoing flagship experiments such as ITER and the planned DEMO 

reactor. In parallel, the basics of inertial confinement are sketched, emphasizing its 

complementary role and recent experimental milestones. 

The chapter then examines the materials challenges posed by the fusion environment. It 

outlines the extreme operational conditions ï surface heat fluxes in the tens of MW/m2, 

14 MeV neutron irradiation, cyclic thermal loads, and intense electromagnetic fields. The 

critical roles of plasma facing components, structural supports, and breeding blankets are 

introduced, and candidate materials (tungsten, reduced activation ferritic martensitic 

steels, and copper alloys) are discussed in terms of their thermal, mechanical, and 

radiation damage properties. The necessity of in situ tritium breeding and extraction for 

fuel self sufficiency and safety is also highlighted. Finally, the chapter briefly surveys 

how these material behaviors might be assessed and identifies the gaps in understanding 

what motivate this thesis. 
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1.1. The current worldwide energy landscape: Challenges and 

opportunities 

As our society continues to advance technologically and industrially, its energy 

consumption grows even more significantly. The current scenario presents challenges in 

developing a sustainable lifestyle and safeguarding the long-term health of our planet, 

while the global population is expected to reach 9.6 billion people by 2050 [1]. This fact, 

combined with macroeconomic trends and the increasing energy consumption per capita 

over the past decades [2], will entail a significant increase in energy demand and 

production in the coming years [3]. However, currently, around 80% of the energy 

consumed still comes from fossil fuels [4].  

Global warming is a well-documented and undeniable phenomenon, supported by 

extensive scientific research. Reports from the Intergovernmental Panel on Climate 

Change (IPCC) ï the leading international body for assessing climate change ï show clear 

evidence of this trend. Fig. 1.1(a) illustrates the rise in global temperatures since 1850, 

highlighting the significant warming observed, particularly in recent decades [5]. This 

warming is not only evident through changes in average global temperature, but also 

through other indicators such as rising land and ocean temperatures and rising sea levels 

[6]. 

Moreover, human activities have significantly contributed to the accumulation of 

greenhouse effect gases in the atmosphere. Fig. 1.1(b) shows that by 2010, 49 GtCO2-

eq/yr were released into the atmosphere from anthropogenic sources, with the figure also 

illustrating the percentage contributions of different greenhouse gases to this total [6]. 

While establishing a direct causal link between global warming and human activity is 

complex, models and estimations strongly suggest that the origin of this warming is 

ñextremely likelyò to be anthropogenic [6]. Fig. 1.1(c) illustrates this point, showing that 

the estimated anthropogenic contributions (orange) are closely aligned with the observed 

warming (black), indicating a strong correlation between human-emissions and global 

temperature rise [6].  

In this context, the challenge lies not only in meeting the energy needs of a growing global 

population, whose energy consumption per capita continues to rise, but also in 

transitioning towards cleaner and more sustainable energy sources to reduce greenhouse 

gas emissions. Furthermore, fossil fuel reserves are finite and increasingly costly to 

extract, making their long-term use unsustainable regardless of emissions considerations. 

These reserves are also geographically concentrated in specific regions, often leading to 

geopolitical tensions and economic dependencies that further complicate their continued 

reliance. 

To address these demands, global renewable power capacity is increasing each year with 

the aim of tripling its 2022 levels by 2030, and several scenarios project that solar 

photovoltaics and wind energy will account for 95% of the global renewable energy 

expansion [7]. However, while these technologies are crucial to achieve a sustainable 

energy system, they also face certain limitations, such as the intermittency due to weather 

fluctuations, dependence on advancements in energy storage technologies, and the need 

for large land areas. The solution must involve an integrated energy mix model that not 
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only focuses on renewables energies but also includes energy efficiency improvements, 

advancements in energy storage, carbon capture and storage and nuclear fission energy 

as part of the overall strategy. 

Nuclear fission offers a complementary solution to meet energy demands and achieve 

net-zero emissions. Unlike solar and wind energy, nuclear fission provides a stable and 

continuous power supply, known as base-load energy, which is not subject to climatic 

fluctuations. Additionally, it does not rely on energy storage advancements and is a high-

energy-density technology, capable of producing a large amount of energy from a 

relatively small amount of fuel. 

 

 

 

Figure 1.1 (a) Evolution of global mean surface temperature over the period of instrumental observations 

[5]. (b) Total annual anthropogenic greenhouse gas (GHG) emissions (gigatonne of CO2-equivalent per 

year, GtCO2-eq/yr) for the period 1970 to 2010 by gases [6]: CO2 from fossil fuel combustion and 

industrial processes; CO2 from Forestry and Other Land Use (FOLU); methane (CH4); nitrous oxide 

(N2O); fluorinated gases covered under the Kyoto protocol (F-gases). (c) Assessed likely ranges (whiskers) 

and their mid-points (bars) for warming trends over the 1951-2010 period [6] . 
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Nuclear fission involves the splitting of heavy atomic nuclei, such as uranium or 

plutonium, into lighter atoms. The process is based on a controlled chain reaction where 

the nuclear fuel is effectively ñburntò, releasing a significant amount of energy in the 

process. However, an uncontrolled chain reaction can lead to catastrophic nuclear 

accidents, as demonstrated by historical events like Chernobyl [8] and Fukushima [9]. 

Today, advanced safety protocols and reactor designs have significantly minimised the 

risk of such accidents, making nuclear power plants far safer. 

These protocols include multiple layers of fail-safes, rigorous monitoring systems and 

automatic shutdown mechanisms, all of which work together to prevent any uncontrolled 

reaction [10]. Another important consideration with nuclear fission energy is the 

management of radioactive waste. The fission products are unstable and have long half-

lives, requiring the waste to be safely isolated in sealed containers for thousands of years. 

Considering these factors, while nuclear fission energy may play an essential role in the 

transition from a fossil fuel-based energy system to a cleaner and more sustainable mix, 

its associated challenges underscore the need to continue exploring safer alternatives for 

the future. 

 

 

1.2. Nuclear fusion energy: Principles and prospects 

1.2.1. Foundations and potential of fusion energy 

Nuclear fusion is a promising alternative technology that has the potential to be one of 

the most significant technological breakthroughs in human history. Fusion is the nuclear 

reaction that occurs in the core of stars, where the enormous temperatures and gravity 

fuse light hydrogen nuclei giving rise to heavier helium atoms and releasing a significant 

amount of energy in the process. Since the 1950s, researchers have been exploring the 

possibility of replicating this process on Earth. Soviet scientists Andrei Sakharov and Igor 

Tamm pioneered the conceptual design a thermonuclear fusion reactor operating by 

magnetic confinement [11-13], known as the Tokamak concept (an acronym derived from 

the Russian phrase ʪʦʨʦʠʜʘʣʴʥʘʷ ʢʘʤʝʨʘ ʩ ʤʘʛʥʠʪʥʳʤʠ ʢʘʪʫʰʢʘʤʠ - toroidal'naya 

kamera s magnitnymi katushkami ï meaning ótoroidal chamber with magnetic coilsô). 

Later, an alternative magnetic confinement design, called the Stellarator concept, was 

developed by Lyman Spitzer [14]. Shortly thereafter, the concept of inertial confinement 

fusion emerged, spearheaded by researchers like John Nuckolls at Lawrence Livermore 

National Laboratory. This approach proposed using intense energy sources, such as high-

power lasers, to compress and heat millimetre-sized fuel capsules to fusion conditions 

[15]. The technical differences between these approaches lie in how confinement and 

heating are achieved and will be discussed in detail in sections 1.2.3 and 1.2.4. 

Nuclear fusion technology is still under development, but its potential benefits are already 

well recognized: it offers a nearly limitless supply of energy, produces no greenhouse gas 

emissions during operation, and, unlike nuclear fission, its reaction products are not 
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radioactive. Some radioactive waste will still be generated due to the activation of the 

reactorôs structural material, though these have a much shorter half-life compared to 

fission waste. Furthermore, fusion reactors are considered to be inherently safe, since the 

energy production does not rely on a chain reaction, as in fission. In the event of an 

operational deviation or accident, the plasma rapidly cools and loses its confinement, 

causing the fusion reactions to stop within seconds without external intervention [16]. 

Light atomic nuclei are used as fuel in fusion reactions, which are forced together to fuse 

through extremely high temperatures (108 K or 100 keV). In these temperature ranges, 

which are much higher than the ionisation energy of the fusion reactants (see section 

1.2.2), the fuel becomes plasma (ionised gas) and must be confined to allow the nuclei to 

fuse. The process is extremely complex, as any deviation from the optimal operating 

configuration can lead to plasma cooling and loss of confinement, as previously 

mentioned. In such instances, the reactor would automatically shut down within seconds, 

halting the energy production process with no external effects. 

With regard to energy density, fusion outshines among other power generation 

technologies. In terms of specific energy (energy stored per kg of fuel), the fusion reaction 

is about 4 million times more energetic than a chemical reaction such as burning of coal, 

oil or gas. Table 1.1 provides a comparison of the specific energy of different fuels and 

energy storage technologies, including deuterium-tritium fusion (nuclear fusion fuels; 

section 1.2.2), nuclear fission fuels (U-235 and Pu-238), hydrogen (representative of 

chemical energy sources like common fuels, alkanes or alcohols, although these are 

generally one order of magnitude smaller), modern lithium-ion batteries and next-

generation post-lithium-ion batteries [17, 18]. 

Table 1.1 Energy storage capability of various fuels and energy storage technologies [17, 18]  

Storage type 
Specific energy 

(MJ/kg)  

Deuterium-tritium fusion 5.76  108 

Fission 
U-235 1.44  108 

Pu-238 2.2  106 

Hydrogen 143 

Modern Li-ion batteries 0.792 

Post-Li -ion 

batteries 

Li -oxygen batteries 10.8 

Li -sulphur batteries 1.51 

Na-ion batteries 1.15 

*Note that hydrogen is representative of chemical energy sources like 

common fuels, alkanes or alcohols 
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To provide perspective on the fuel efficiency of nuclear fusion, a 1GW fusion power plant 

would require only 250 kg of fusion fuel per year (100 kg of deuterium and 150 kg of 

tritium, reflecting their atomic masses and the 1:1 ratio of the fusion reaction; see the next 

section). In contrast, a coal-fired power plant of the same capacity needs approximately 

2.7  109 kg of fuel [19]. 

 

 

1.2.2. Fundamentals of nuclear fusion 

Energy production via nuclear reactions ï either by fission or fusion ï relies on the release 

of large amounts of energy resulting from changes in nuclear structure. This energy arises 

from the mass difference between the reactants and the products: the total mass of the 

initial nuclei (mi) exceeds that of the final nucleus (mf), and the mass difference is 

converted into energy according to Einsteinôs equation. Because the speed of light in 

vacuum is extremely large (c Ḑ 300.000 km/s), even a small amount of missing mass 

turns into a large amount of energy: 

   

 Ὁ ά ά ὧ 

 

(1.1) 

   

The nucleus is composed by protons (positively charged) and neutrons (uncharged), both 

referred to as nucleons, which are bound together by the strong nuclear force. The atomic 

number Z, defined by the number of protons, determines the specific chemical element. 

Nuclei with the same atomic number but different number of neutrons (thus different 

mass number A) are known as isotopes of that element. The nuclear binding energy which 

holds the nucleus together varies between elements and their isotopes, as shown in Fig. 

1.2 by the binding energy (per nucleon) curve as a function of the mass number A [20]. 

The graph reveals a region of stability for isotopes with mass numbers close to that of 

iron (A Ḑ 55-65). This region, known as the iron group, is highly relevant in astrophysics 

as it represents the elements with the highest binding energy and greatest stability of 

among all nuclear species [21]. Isotopes with mass numbers that deviate significantly 

from those of the iron group are less tightly bound, making them more prone to undergo 

nuclear reactions. Heavier nuclei, such as uranium, can release energy through fission, 

where they break apart into more tightly bound nuclei with lower mass per nucleon. 

Similarly, lighter nuclei, such as hydrogen, can release energy through fusion, where they 

combine to form more tightly bound nuclei. In both cases, energy is released as the 

resulting nuclei are closer to the iron group, which represents the most stable 

configuration in terms of binding energy per nucleon. 
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Figure 1.2 Binding energy per nucleon as a function of the mass number A, highlighting the peak around 

Fe 56 and indicating regions favourable for fusion (lighter nuclei) and fission (heavier nuclei) [20] . 

Hydrogen, the lightest of all elements, is a collective term for its three isotopes: protium 

(¹H), deuterium (²H), and tritium (³H). In their ground state, all three isotopes have a 

nucleus composed of a single proton surrounded by an electron in the 1s orbital. However, 

they differ in the number of neutrons bound to the proton: protium has zero neutrons, 

deuterium has one, and tritium has two. Similarly, helium also has two isotopes of 

interest: helium-3 (³He), which contains two protons and one neutron, and helium-4 ( He), 

composed of two protons and two neutrons. 

Deuterium, tritium, helium-3, and helium-4 are of particular importance in nuclear fusion 

due to their favourable properties for fusion reactions. As shown in the nuclear binding 

energy curve, the energy gap between these isotopes is substantial, indicating that a fusion 

reaction between two of these isotopes, forming one of the others, releases a particularly 

large amount of energy per reaction. This makes them especially promising candidates 

for energy production through fusion: 

        

        

D-T 2H + 3H ᴼ 4He (3.5 MeV) + n (14.1 MeV)  (1.2) 

D-3He 2H + 3He  O 4He (3.6 MeV) + 1H (14.7 MeV)  (1.3) 

D-D 2H + 2H  O 3H (1.01 MeV) + 1H (3.02 MeV) (Ḑ50 %) (1.4) 

   O 3He (0.82 MeV) + n (2.45 MeV) (Ḑ50 %) (1.5) 
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D-T and D-3He reactions are especially noteworthy, as both lead to the creation of a 4He 

nucleus. The nuclear binding energy of this fusion product is significantly higher than 

that of the parent nuclei (Ḑ7 MeV), resulting in a lighter nucleon and a large release of 

energy. In the D-T reaction, this energy manifests as an accelerated neutron (14.1 MeV), 

while in the D-³He reaction, it takes the form of an accelerated proton (14.7 MeV). This 

difference in released energy aligns with the slightly higher nuclear binding energy of 

tritium compared to helium-3. In the case of the D-D reaction, two possible reactions can 

take place, each with approximately the same probability. However, a relatively small 

amount of energy is released from these reactions, which is consistent with the lower 

nuclear binding energy of the fusion products compared to those obtained from the D-T 

and D-3He reactions. 

For the fusion of two light atomic nuclei to occur, they must approach each other at a 

distance on the order of their size (10-14 m), due to the short range of the strong nuclear 

force. Since nuclei are positively charged, a strong repulsive electrostatic force acts to 

keep them apart (Coulombôs law). Only when the nuclei are extremely close does an 

attractive nuclear force become strong enough to counteract this repulsion. This 

phenomenon is illustrated in Fig. 1.3(a), where the potential energy of two nuclei is 

schematically shown as a function of their separation distance [22]. When they approach 

each other sufficiently, the nuclear attraction overcomes the electrical force, resulting in 

a drop in potential energy. However, the energy barrier created by the electrostatic force 

(Coulomb potential) is enormous, requiring an equally immense amount of energy for the 

nuclei to get close enough for fusion to occur. 

 

 

Figure 1.3 (a) Potential energy of two nuclei as a function of their separation distance [22]. (b) Fusion 

cross section for a range of energies of deuterium ions, where D represents deuterium, T represents tritium 

and 3He represents helium-3 [24] . 

Fortunately, the laws of classical physics do not apply at subatomic scales, and it is 

quantum mechanics that best predicts the behaviour of subatomic particles. Unlike classic 

physics, quantum mechanics is not deterministic but rather governed by probabilities and 

distributions. In this way, a phenomenon called tunnel effect is predicted by quantum 

mechanics, which states that the potential energy of the nuclei does not necessarily have 
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to overcome the Coulomb potential. Instead, there is a certain probability that a fraction 

of the nuclei will tunnel through it before reaching the necessary distance from each other. 

This makes fusion slightly more feasible, but still requires substantial energy for the 

nuclei to get close enough. 

In the Sun, where fusion reactions power the energy we perceive as light and heat, the 

immense gravitational forces play a critical role in enabling fusion. These forces compress 

the solar core to extremely high pressures and densities, creating conditions where 

temperatures reach approximately 15 million K [23]. At such extreme temperatures and 

densities, the fusion reactants exist in a state of plasma, the fourth state of matter. Plasma 

is essentially a highly ionized gas with very low density, where atoms have been stripped 

of their electrons, leaving behind a mixture of free electrons and positive nuclei. In these 

conditions, quantum tunneling allows a fraction of the nuclei to overcome the Coulomb 

barrier, enabling fusion reactions to occur despite the strong electrostatic repulsion 

between them. On Earth, by contrast, gravitational confinement is not feasible. Instead, 

plasmas used for fusion must achieve significantly higher temperatures (often exceeding 

100 million K) because the densities in experimental fusion devices are much lower than 

those in the core of the Sun. 

For fusion to take place, the parent nuclei must collide with enough kinetic energy to 

tunnel through their repulsive Coulomb barrier, allowing the attractive nuclear force to 

take over and cause the nuclei to fuse. The probability of this event is quantified by the 

fusion cross section, „ , which represents the rate at which a given fusion reaction 

occurs. This cross section varies with the kinetic energy of the interacting particles, 

reflecting how the probability of fusion increases with their speed.  

The curves of the most promising fusion reactions previously mentioned are shown in 

Fig. 1.3(b) [24], displaying their cross sections as a function of deuterium ion (deuteron) 

energies. Notably, the D-T reaction reaches its maximum at much lower energies than the 

others. This makes D-T by far the most favourable reaction for terrestrial reactor 

conditions, since it achieves high fusion probability at temperatures that are 

technologically accessible, unlike the other fuel cycles. For this reason, D-T is the 

selected fuel for first-generation nuclear fusion reactors. Beyond this, the D-T reaction 

also provides a substantial energy yield, releasing 14.1 MeV as an accelerated neutron. 

Moreover, deuterium makes up approximately 0.0035% of Earth's hydrogen isotopes, and 

it can be easily extracted from seawater, where its concentration is around 33 g/m3. The 

process is relatively simple, through chemical enrichment and distillation, making it a 

highly available raw material [25]. 

On the other hand, tritium is extremely rare in nature due to its radioactive instability and 

is not readily available like deuterium. Tritium undergoes ɓī decay, emitting a low energy 

electron that cannot penetrate human skin, but it can pose a significant health risk if 

inhaled or ingested, especially in the form of tritiated water [26]. Furthermore, the 

relatively short half-life of tritium, only 12.32 years, makes it a manageable concern in 

the long term. Today, small amounts of tritium are produced in deuterium-uranium fission 

reactors of the CANDU type [27], but this source is insufficient for the operation of future 

fusion power plants. 
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Therefore, it is planned to breed tritium within the fusion reactor itself through neutron-

lithium reactions, effectively making lithium the primary raw material needed for tritium 

production in first-generation fusion reactors. In addition, since tritium is produced inside 

the reactor at a rate approximately comparable to its consumption, the total amount of 

tritium within the reactor remains limited, minimising the risk to the external 

environment. However, tritium production is not exactly balanced with consumption on 

a one-to-one basis; neutron multiplication strategies are implemented to ensure a positive 

breeding margin. These aspects are further discussed in section1.2.5. 

Lithium is an alkali metal that makes up about 0.006% of Earth's crust, predominantly in 

the forms of 6Li (7.42% natural abundance) and 7Li (92.58% natural abundance) [28]. In 

future fusion reactors, tritium will be produced within a breeding blanket that lines the 

reactorôs inner walls. This blanket, containing lithium, will capture the high-energy 

neutrons from the D-T fusion reaction, initiating the following reactions to generate 

tritium: 

      

6Li  + n ᴼ 4He + 3H + 4.8 MeV (1.6) 

7Li  + n  O 4He + 3H + n - 2.5 MeV 

 

(1.7) 

      

The reaction with 6Li is more likely to occur with slow neutrons and is exothermic, 

releasing 4.8 MeV, whereas the reaction with 7Li is endothermic, requires fast neutrons, 

and absorbs 2.5 MeV. Furthermore, the neutron produced in the reaction with 7Li can 

subsequently react with 6Li, further contributing to tritium production. With global 

reserves estimated at 22 million tonnes [29], its demand has surged in recent years due to 

the widespread use of lithium batteries and the growing shift toward electric vehicles. 

Despite this rising demand, current estimates suggest that Earth's lithium deposits are vast 

enough to support tritium production for several hundred to even thousands of years [30]. 

It is estimated that 1 kg of Li will produce 105 GJ of electricity [22]. 

The overall fusion reaction, using deuterium and lithium as basic fuels, is shown in 

Fig. 1.4 [22]. The goal of a future controlled thermonuclear fusion plant is to achieve a 

D-T plasma that can sustain itself through the energy provided by the helium nuclei (or 

alpha particles) produced in the reactions, without needing external sources ï this is 

known as ignition. To achieve this, a sufficient concentration of nuclei must be 

maintained in the volume so that they collide frequently enough, resulting in a rate of 

reactions that allows the generated alpha particles to keep the plasma temperature around 

100 million degrees. Moreover, the volume where the reactions occur must be well 

insulated from the outside; otherwise, the heat produced in the plasma will not be enough 

to cover heat losses, leading to plasma extinction. 

The energetic neutron produced in the D-T reaction presents a significant challenge in the 

design of fusion reactors, as it can radiologically activate the surrounding structural 

materials of the fusion device. To address this issue, reduced-activation 

ferritic/martensitic (RAFM) steels, such as Euroferô97 (E97), have been developed. The 

half-lives of the radioactive isotopes generated from these materials are considerably 

shorter than those found in the radioactive waste of nuclear fission plants [31]. These and 
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other material-related issues, such as mechanical degradation and swelling under 

irradiation, are discussed in detail in section1.2.6. 

 

 

 

Figure 1.4 The overall fusion reaction. The basic fuels are deuterium and lithium; tritium is obtained 

through neutron bombarding to lithium; the waste product is helium-4 [22] . 

 

1.2.3. Plasma confinement and energy balance 

Plasma confinement refers to the containment of an ionised gas under the extreme 

conditions required for nuclear fusion. This occurs naturally in stars, where gravity acts 

as the confining force, effectively making them gravitational confinement fusion reactors. 

On Earth, two main approaches are being developed: magnetic confinement, where 

charged particles are constrained by strong magnetic fields (as in tokamaks and 

stellarators), and inertial confinement, which relies on rapidly compressing small fuel 

pellets using powerful lasers or particle beams. These methods aim to replicate the 

conditions under which fusion reactions can occur and be sustained. 

It has been stated that extremely high temperatures must be applied to the fuel parent 

nuclei to induce fusion (Fig. 1.3(b)). The conditions must ensure not only efficient plasma 

heating and self-maintenance but also prevent heat loss and plasma contamination caused 

by the erosion of reactor materials. The energy balance is therefore governed by the 

combined effect of external plasma heating systems, internal heating by alpha particles, 

and energy losses through radiation and transport phenomena. In the D-T reaction, the 

total energy produced is shared between the 4He nuclei (alpha particles), which carry 

Ḑ19.9% of the output energy, and the resulting neutron. To ensure self-maintenance, the 
4He nuclei will be the main internal heating source for the plasma heating. 

For a fusion reactor to be economically viable, the energy output from fusion must exceed 

the energy input required to sustain the reactions. This relationship is described by the 

fusion energy gain factor, Q, which must be greater than unity to ensure a positive power 

gain. The condition Q > 1 is met when the fraction of fusion power carried by the alpha 
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particles is greater than the plasmaôs energy losses. Once this threshold is crossed, 

collisions between helium nuclei in the plasma occur frequently enough to sustain the 

plasma temperature, making it theoretically possible to switch off the external heating 

systems. This state is known as ignition. 

Plasmaôs energy losses are inevitable due to various factors [22]: 

 

i. Plasma confinement is not perfect, hence particles and heat diffuse from the centre 

of the plasma outwards. 

ii.  The plasma also loses heat through radiation, including Bremsstrahlung from 

electron-ion collisions and synchrotron radiation from the acceleration of charged 

particles in magnetic fields. 

iii.  The reactor materials closest to the plasma are exposed to a highly damaging 

environment, leading to the emission of impurities that can contaminate the 

plasma and potentially cause a sudden loss of confinement (event known as a 

disruption). 

 

To account for these losses and achieve Q > 1, Lawson established his criteria in 1957 

[32], which describes the relationship between ionic density np (plasma density, assuming 

that densities of deuterium and tritium nuclei are equal) and confinement time †, the 

latter being influenced also by temperature. At energies on the order of 10 keV, Lawsonôs 

criterion states that the product of particle density and confinement time must exceed a 

certain value: 

   

 ὲϽ†  ρπ ίϽά  

 

(1.8) 

   

The energy produced in the system is related to the number of collisions between 

particles, and thus to the ionic density. However, excessively high densities can lead to 

significant Bremsstrahlung losses, which means that a low-density plasma ï 

approximately a million times lower than air ï is required. The confinement time is 

defined as the length of time for which particles are confined within the plasma, 

representing the average time it takes for energy to escape from the plasma once the 

external heating systems are turned off. It should not be confused with the length of a 

plasma pulse during reactor operation, as many particles will be drawn into, circulated 

within, and then escape from the plasma during a single pulse. Due to the significant 

dependence of confinement time on temperature, it was necessary to modify the criterion 

by including this parameter, resulting in the so-called triple product [33]: 

   

   

 ὲϽ†ϽὝ  σϽρπ ίϽὯὩὠϽά  

 

(1.9) 

   

With temperature expressed in its corresponding energy units (keV), it is essential to 

maintain a plasma that is sufficiently hot (T), dense (n), and effectively confined in order 
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to generate energy from fusion reactions. The two confinement approaches previously 

introduced ï magnetic and inertial confinement ï achieve this balance in fundamentally 

different ways: magnetic confinement operates at relatively low densities with long 

confinement times, whereas inertial confinement relies on extremely high densities over 

very short confinement times. 

In inertial confinement, small amounts of fuel (typically deuterium and tritium) are 

encapsulated in millimetre-sized pellets. By applying an extremely intense and evenly 

distributed external energy source, such as lasers, the fuel is compressed until its 

temperature reaches the necessary levels to satisfy the Lawson criterion (n Ḑ 1031 m-3; † 

Ḑ 10-9 s). This process ensures that the fuel is fully burned, allowing the generation of 

more fusion power than the energy injected by the heat source. In 2022, for the first time 

in history, apart from thermonuclear fusion weapons, a fusion process with an energy 

gain factor of Q > 1 was experimentally realized (regardless the plant and system 

consumption) [34]. However, despite the significant scientific advancements it has 

brought, viable fusion reactor concepts based on inertial confinement are just beginning 

to take shape [35]. 

Magnetic confinement, on the other hand, employs magnetic fields to guide the 

movement of charged plasma particles in helical paths along closed field lines. In this 

way, the plasma particles are confined within a limited spatial region, featuring 

significantly lower ionic density than that of inertial confinement (n Ḑ 1020 m-3) but 

allowing for longer confinement times († Ḑ 1 s) to achieve a reasonable number of fusion 

reactions. Despite the fact that magnetic confinement presents many challenges, the first 

grid-connected fusion power plants will most likely be based on this technology, as 

evidenced by international collaborations such as the ITER (International Thermonuclear 

Experimental Reactor) in France, where construction and installation are already 

underway with initial results anticipated in the 2030s [36]. 

 

 

1.2.4. Magnetic confinement 

Due to the extremely high temperatures involved in fusion plasmas, direct contact with 

the reactor walls must be strictly avoided. Not only would the materials be unable to 

withstand such thermal loads, but even brief contact would cause the plasma to cool below 

fusion-relevant temperatures. To address the issues associated with the plasma-wall 

interactions, the magnetic confinement is proposed. Its approach relies on the principle 

that a charged particle in a uniform magnetic field experiences a force in the transverse 

direction (Ὂᴆ ήὺᴆ ὄᴆ, the so-called Lorentz force) while simultaneously moving 

along the magnetic field lines. These two motions combine each other to produce a helical 

or spiral path as the particle travels along the magnetic field lines. 

As one can notice from Fig. 1.5(a), different orbits are followed by ions and electrons. 

The transverse radius of this helical orbit is known as the Larmor radius ɟɘ (also called 

the gyro radius or cyclotron radius) and depends on the charge, mass, velocity of the 
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particle, as well as the strength of the magnetic field. Isolating the plasma from the walls 

can be accomplished if the ratio of the Larmor radius to the plasma radius is quite small, 

a feature that can be achieved by large values of the magnetic field (” άὺȾήὄ) [37]. 

Magnetic confinement systems can be classified as open or closed. In an open system, the 

plasma is confined by bouncing back and forth between the current-carrying coils, a 

configuration often referred to as a magnetic mirror (Fig. 1.5(b)). However, in this 

arrangement, particles with velocities parallel to the axis of the magnetic mirror can 

escape the system, leading to significant plasma losses. Despite its simplicity, the 

magnetic mirror has not demonstrated sufficient plasma confinement to be viable for 

energy production in fusion power plants, though it may have potential applications as a 

driven plasma source of neutrons. To address the issue of axial losses, a solution is to 

bend the magnetic field lines into a toroidal shape, forming a closed system where the 

plasma remains contained within a ring-shaped space. The first substantial moves towards 

this configuration are attributed to the English physicists George Thomson and Moses 

Blackman. In 1946, they registered a patent ï quickly classified as secret ï describing a 

doughnut-shaped vessel, or torus, specifically designed to confine charged plasma 

particles [22]. 

 

 

 

 

Figure 1.5 (a) Charged particle motion in a magnetic field [37]. (b) Open confinement magnetic system 

(Magnetic mirror) [37]. 

 

However, even in a closed system, particles can leak out of the confining magnetic field 

due to random-walk Coulomb collisions. The leakage rate is proportional to the square of 

the Larmor radius, meaning that stronger magnetic fields can help reduce these losses by 

minimising this parameter. Thus, intense magnetic fields can isolate the hot plasma from 

the reactor walls and inhibit the diffusion of particles and energy out of the plasma caused 

by collisions. In addition to this collisional diffusion, particle losses can occur due to 
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various drifts that arise from the inhomogeneity of magnetic and electric fields. These 

include the Ὁᴆ ὄᴆ drift, polarization drift, Grad-B drift, and curvature drift [33]. 

Such drifts can cause the guiding centres of particles to move perpendicular to the 

magnetic field lines, leading to potential losses from the confined plasma region [38]. 

Achieving stable confinement requires carefully designed magnetic fields that can 

counterbalance these drifts and keep the plasma particles within the desired region, 

minimising the escape rate. Two closed designs have proved particularly effective in 

maintaining the plasma confinement for relatively long periods while also addressing the 

challenges posed by particle drift: the tokamak and the stellarator. Illustrations of the 

electromagnetic coil systems and induced magnetic fields of both devices are shown in 

Fig. 1.6 [39]. A quick glance at the magnetic field coils is all it takes to see the significant 

differences between them. 

 

 

 

Figure 1.6 Magnetic field coils and plasma configurations in a tokamak (left) and a stellarator (right) [39] . 

In a tokamak reactor, two main magnetic fields work together to confine the plasma: the 

toroidal field and the poloidal field. The toroidal field is generated by toroidal coils wound 

around the outer walls of the torus, producing magnetic field lines that run around the 

torus in the perpendicular direction to the coils. The poloidal magnetic field, on the other 

hand, is created by the plasma current induced through a transformer coil located in the 

centre of the torus, as shown in Fig. 1.6(a). The interaction between these fields results in 

helical magnetic field lines that spiral around the plasma column along closed magnetic 

surfaces. Additionally, the plasma current not only generates the poloidal field but also 

creates a pinch effect, exerting an inward force that compresses the plasma, thereby 

reducing the Larmor radius of the charged particles and enhancing confinement [22]. 

Earlier magnetic confinement devices, such as Z-pinch and ɗ-pinch reactors, relied solely 

on the self-generated magnetic field produced by a large current passing through the 

plasma. In toroidal variants like the ZETA machine (Zero Energy Thermonuclear 
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Assembly) in the UK or the Perhapstron in the US, this pinch effect was applied in a 

toroidal geometry without the stabilizing contribution of strong external toroidal fields. 

However, these devices suffered from severe plasma instabilities and poor confinement. 

In contrast, tokamaks introduce a dominant external toroidal field (typically an order of 

magnitude stronger than the poloidal component) that significantly improves stability by 

suppressing certain classes of instabilities and better preserving the shape of the plasma 

column [22, 33]. 

From a practical standpoint, maintaining the plasma current in a tokamak requires 

ramping up the transformer field periodically. This leads to a pulsed mode of operation, 

as the transformer must be discharged after each ramp-up phase before it can be re-

powered. To regulate the position and shape of the plasma current, a third set of coils, 

called the poloidal field coils, is used (see Fig. 1.6(a)). This additional coil system is 

essential for controlling the plasma shape, allowing it to take on a D-shaped geometry, 

which minimises stress on the toroidal field coils along the inner side of the toroidal 

curvature. Furthermore, this configuration also aids in diverting impurity particles away 

from the plasma in a controlled direction, helping maintain plasma purity and stability 

during operation [33]. 

Conversely, the stellarator concept generates the magnetic field lines entirely through 

external toroidal coils, creating a twisted and strong magnetic structure that confines the 

charged plasma particles without the need for plasma currents. However, a purely toroidal 

field cannot provide the necessary balance against particle losses and the plasma's 

tendency to expand. To achieve this, the field lines are carefully twisted to encircle both 

the inner and outer edges of the plasma. This intricate arrangement, reflected in the 

sophisticated design of modern stellarator coils, produces the unique twisted magnetic 

fields shown in Fig. 1.6(b). 

Since the twisted magnetic field required for plasma confinement in a stellarator is 

generated solely by these externally arranged magnetic coils, it does not depend on a 

transformer-induced plasma current and can, in principle, operate in a continuous steady-

state mode of plasma confinement. As a result, stellarators avoid current-driven plasma 

instabilities, eliminating the need for plasma current-stabilizing systems. This design 

provides greater flexibility in shaping the plasma ring, allowing for optimized plasma 

properties, which is especially advantageous for fusion reactor applications. 

  

 

1.2.5. Fusion development through magnetic confinement 

In the 1950s and 1960s, during the height of the Cold War, fusion research saw a period 

of intense development. Despite the general secrecy surrounding nuclear fusion research, 

several prominent voices advocated for open and collaborative scientific efforts. This 

openness gained momentum through two pivotal conferences; the first, held in Geneva in 

1958, and a second in 1968, in the Siberian city of Novosibirsk. These events allowed 

scientists from both sides of the political divide to share ideas, recognize that similar 
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research paths had been pursued with comparable findings, and ultimately realize that 

collaborative research would be essential to achieve operational fusion reactors on Earth. 

The 1968 Novosibirsk conference was especially significant, as it led to a unanimous 

agreement on the superior practicality of the tokamak design over other closed design 

options, such as toroidal pinches or stellarators. Tokamaks offered a simpler and more 

achievable path towards sustained plasma confinement while other configurations were 

proving exceedingly complex. For instance, stellarators, like tokamaks, rely on a strong 

toroidal field to help stabilize the plasma. But because they do not generate plasma 

currents, stellarators require additional complex external coils to create the poloidal field. 

These coils are both costly and require highly precise alignment, which has been a major 

factor in tokamaks becoming the more prevalent design, as they are generally simpler and 

less expensive to construct. Following this conference, a British scientific team was 

invited to Moscow the following year to directly measure the high plasma temperatures 

achieved in tokamaks using a new laser-based technique [40-42]. The results, once 

published, dispelled any remaining doubts, prompting the United States, Europe, and 

Japan to pivot their research focus towards tokamak development. 

Since then, multiple modifications and improvements have been incorporated into the 

tokamak design to address newly discovered plasma instabilities and optimize 

confinement. In addition, instrumentation for the diagnostic analyses of the plasma and 

other components have been enhanced to withstand the increasingly extreme conditions 

encountered in each new experiment. In this way, progress led to the construction of the 

largest operational tokamak to date, the Joint European Torus (JET) (Fig. 1.7(a) [43]), 

located at the Culham Centre for Fusion Energy in Oxfordshire, UK. 

 

 

Figure 1.7 Magnetic confinement-based experimental nuclear fusion devices: (a) the Joint European 

Torus, JET [43], (b) the International Thermonuclear Experimental Reactor, ITER [47], (c) the European 

DEMOnstration Power Plant, DEMO [58]. *ITER and DEMO are shown with a reduced scale to fit 

alongside JET. 
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JET was operated with a deuterium-tritium fuel mixture, with a plasma volume of V = 80 

m3 and a major plasma radius of R0 = 2.96 m. It began operation in 1989 and achieved a 

fusion energy gain factor of Q = 0.67 in 1997, which was recorded as the highest fusion 

energy gain of any magnetic confinement fusion device to date. In late 2021, JET set a 

new record for the highest fusion power produced, reaching Pfus = 11.8 MW (59 MJ over 

a five-second period), more than doubling the previous record from 1997 [44]. The results 

were announced publicly in February 2022 via press conference [45]. These ground-

breaking experiments were the final chapter in JETôs operational history, which officially 

came to a close in 2023, concluding a remarkable era of contributions to fusion research. 

Building on the successes and insights gained from JET, the international community 

embarked on an even more ambitious project: the International Thermonuclear 

Experimental Reactor (ITER), a large-scale experimental tokamak designed to 

demonstrate the feasibility of fusion as a practical energy source [46] (for a visual 

comparison of the relative sizes, see Fig. 1.7(b) [47], in which ITER is shown at a smaller 

scale in order to fit alongside JET, thereby highlighting the stark size difference). The 

knowledge integrated into ITERôs design, however, extends beyond JET to include 

valuable insights from major tokamaks such as the Tokamak Fusion Test Reactor (TFTR) 

in the United States and the Japanese Tomak (JT-60). Both devices, along with other 

experiments, advanced our understanding of plasma behaviour, confinement methods, 

and the resilience of materials and components under extreme conditions. 

Further contributions also come from stellarator experiments, such as the TJ-II  at 

CIEMAT [48] in Madrid, Spain, and the Wendelstein 7-X [49] in Greifswald, Germany ï 

the latter being the largest stellarator ever constructed. These experiments have broadened 

the scope of plasma physics and fusion technology, informing ITER's pioneering 

approach to generating sustained fusion energy. Consequently, while ITER stands as the 

flagship project of its kind, additional next-generation tokamaks like the American 

SPARC [50], the Indian SST-2 [51], and the Chinese CFETR [52] are also being 

developed. These projects, each with unique objectives, aim to achieve fusion gain (Q > 

1) and complement ITERôs mission by refining specific technologies and expanding our 

collective understanding of fusion. 

Under construction in Cadarache (France), ITER will have a designed plasma volume of 

V = 840 m3 and a major plasma radius of R0 = 6.2 m, aiming to achieve a fusion energy 

gain factor as high as Q = 10 and to maintain a plasma pulse for up to 8 min. It will 

initially operate with deuterium-deuterium plasmas, with the first deuterium-tritium 

plasmas planned by the end of the 2030s [36]. As a next-generation tokamak, ITER 

introduces a series of pioneering components and systems crucial for sustained fusion 

operation. To ensure optimal performance of its superconducting electromagnets, ITER 

requires an extensive vacuum cryostat primarily constructed of stainless steel to maintain 

cryogenic temperatures across the entire coil system. The enhanced Neutral Beam 

Injector (NBI) is designed to increase neutralization efficiency using negative ions, while 

tritium breeding technologies, which will be evaluated through the ITER Test Blanket 

Module (TBM) programme, aim to advance self-sufficiency in tritium production. These 

and other innovations, including gyrotrons for Electron Cyclotron Resonance Heating 

(ECRH) and diagnostic systems like the Wide Angle Viewing System (WAVS), highlight 

ITER's pivotal role in paving the way for the commercial viability of fusion energy. 
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In 2014, as a legacy of the previous European Fusion Development Agreement (EFDA), 

the European Consortium for the Development of Fusion Energy, EUROfusion, was born. 

It includes all the fusion research bodies from European Union member states, to supports 

and funds fusion research activities on behalf of the European Commissionôs Euratom 

programme. The last version of the EUROfusion Roadmap towards fusion electricity was 

published in 2018 [53]. It describes a strategy lying on three main pillars: 

 

ü ITER, as a tokamak that will demonstrate the scientific and technological feasibility 

of fusion as an energy source. 

 

 

ü The International Fusion Materials Irradiation Facility (IFMIF), which includes two 

lighter variants (the decision remains open between the DEMO Oriented Neutron 

Source (IFMIF-DONES) in Spain or the Advanced Fusion Neutron Source (A-FNS) 

in Japan), will play a crucial role in conducting irradiation studies up to at least 50 

dpa (displacement per atom, a measure of radiation damage in a material that indicates 

its structural integrity and radiation tolerance) with a fusion-like neutron spectrum to 

validate reference structural materials and plasma-facing materials. 

 

ü In the long-term, design and construct a European DEMOnstration fusion power plant 

(EU-DEMO) capable of generating hundreds of MW of electricity for extended 

periods, with a closed fuel cycle and features that could be extrapolated to early 

commercial fusion power plants. For simplicity, this design will be referred to as 

DEMO throughout the following sections. 

 

 

The primary goal of DEMO, which is already in a relatively advanced stage of conceptual 

design [54, 55], is to demonstrate stable power generation from a nuclear fusion device. 

The engineering design phase is anticipated to commence in the 2030s and will be 

informed by insights gained from the ITER deuterium-tritium operational phase and the 

subsequent TBM programme [56, 57]. A 3D model of the 2017 DEMO design is 

illustrated in Fig. 1.7(c) [58]. It is being design for a plasma volume of V å 2500 m3 and 

a major radius or R0 å 9 m, and aims to achieve Q å 25 and plasma pulses for longer than 

two hours. 

DEMO is planned to operate in two phases, allowing for incremental testing and 

integration of advanced technologies to prepare for commercial fusion plants [53]. 

Initially, DEMO will use a ñstarterò blanket with Euroferô97 structures, a conservative 20 

dpa damage limit, and possibly one backup concept. In a second phase, more optimized 

blankets with a target of 50 dpa and potentially enhanced structural materials will be 

implemented, based on data from IFMIF-DONES and other sources. A critical aspect of 

DEMOôs design is the implementation of advanced breeding blankets, which are essential 

for achieving tritium self-sufficiency. As detailed in section 1.2.2, 6Li and 7Li produce 

tritium via nuclear reactions with neutrons. 
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However, not all fusion neutrons contribute to tritium breeding, as some are lost due to 

parasitic absorption or escape from the blanket system [59]. To ensure tritium self-

sufficiency and account for these losses, the Tritium Breeding Ratio (TBR) must exceed 

unity. In practice, values above 1.15 are typically required to compensate operational 

losses and to build a sufficient tritium inventory for startup and future reactor operation: 

   

 
ὝὄὙ ḳ 

ὸὶὭὸὭόά ὦὶὩὨ

ὸὶὭὸὭόά ὦόὶὲὸ
ρȢρυ 

 

(1.10) 

   

To compensate for these losses and reach the required TBR, breeding blankets must 

incorporate neutron multiplier materials, which enhance the number of neutrons available 

for tritium-generating reactions with lithium isotopes. Among the most studied options 

are beryllium and lead, which are capable of releasing more than one neutron per incident 

fast neutron. Their relatively high cross sections at fusion-relevant energies make them 

particularly attractive for this role. 

As reviewed by Hernández and Pereslavtsev [59], beryllium has long been the reference 

material for solid neutron multipliers, while lead is typically considered in liquid eutectic 

mixtures such as Li 17Pb83, providing both breeding and multiplication capabilities. 

However, concerns related to tritium retention, chemical reactivity, and dust generation 

have driven the development of advanced alternatives. In particular, berylliumïtitanium 

intermetallics, such as TiBe12, represent a promising alternative for use in solid breeder 

blankets, offering improved dimensional stability and lower tritium inventory, as 

discussed by Vladimirov et al. [60]. 

DEMO is expected to be the first thermonuclear fusion reactor that integrates all essential 

tokamak components and supporting systems required for a grid-connected fusion power 

plant, as illustrated in Fig. 1.8 [61]. Several key Missions are included in the EUROfusion 

Roadmap to achieve this goal and ensure the correct operation of the different subsystems 

employed. Among them, the materials challenge stands out as a central priority of the 

roadmap. 
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Figure 1.8 Schematic of DEMO, indicating key components for grid-connected power generation [61] . 

 

1.2.6. The materials challenge for nuclear fusion 

Within the context of fusion energy development, the materials challenge for DEMO 

highlights the imperative to ensure that structural and High Heat Flux (HHF) materials 

meet rigorous performance standards through activities that include the development, 

qualification and validation of materials that can tolerate neutron damage levels between 

20 and 50 dpa. When considering the extended operational lifespan that these materials 

must support with minimal performance degradation, the challenge becomes particularly 

demanding. While the development of functional materials to meet the requirements of 

heating and diagnostic systems is also included in the material research outlined in the 

roadmap, their scope is beyond that of this dissertation, and will not be described in this 

section. In the context of structural materials and HHF components, three baseline 

candidates are considered for their respective applications: Euroferô97, as structural 

material for blankets and divertor cassette structures; tungsten (W), as plasma facing 

armour material; and copper-chromium-zirconium (CuCrZr) for divertor heat sink. 

To support the discussion of materials in fusion reactors, and to clarify references to 

specific components, Fig. 1.9 [62] provides two schematic views of ITER showing their 

configuration and relative placement. Fig. 1.9(a) [62] offers an external overview 

highlighting the central solenoid, toroidal and poloidal field coils, cryostat, vacuum 

vessel, divertor and shielding blanket, whose outermost layer is referred to as the First 

Wall (FW). Fig. 1.9(b) [62] presents a poloidal cross-section where the vacuum vessel, 
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blanket, divertor, magnetic coils are indicated. Although the focus of this section is on 

DEMO, ITER is used here as a visual reference due to the absence of a definitive DEMO 

configuration. As many of the fundamental components ï such as the vacuum vessel, 

blanket, first wall and divertor ï are conceptually shared between ITER and DEMO, these 

diagrams serve to illustrate this general arrangement and function to support the 

upcoming discussion on materials selection and qualification. 

 

 

Figure 1.9 (a) External schematic view of ITER showing the main systems and components [62]; (b) 

Poloidal cross-section of ITER highlighting the internal layout, where the vacuum vessel, shielding blanket, 

first wall, divertor, and magnetic coils can be distinguished [62]. 
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To complement this overview, and to provide context for the initial material testing 

expected in ITER, Fig. 1.10 [63] shows the designated locations of Test Blanket Modules 

(TBMs) inside the vacuum vessel. These modules, which will operate during the D-T 

phase of ITER as previously mentioned, are designed to test breeding blanket concepts 

under relevant fusion conditions. While their internal structure and functionality fall 

outside the scope of this dissertation, this schematic helps to illustrate their integration 

within the reactor environment.  

For the construction of ITER and DEMO, AFCENôs code RCC-MRx must be strictly 

followed (AFCEN ï the regulatory body in France that develops construction codes for 

the design, manufacturing and monitoring of nuclear facilities and their components). 

This code specifically requires a full qualification of the materials used, covering both 

unirradiated and neutron-irradiated properties. However, there are currently no neutron 

sources capable of providing a flux spectrum equivalent to that of fusion neutrons, so 

extrapolations are required from irradiation data obtained in Materials Test Reactors 

(MTRs), fission reactors, or ion irradiation facilities. It is at this point that neutron 

irradiation facilities like IFMIF-DONES will play a crucial role, providing neutron flux 

spectrum similar to that of fusion. This advancement will allow researchers to investigate 

the behaviour of candidate materials more accurately and to complete their qualification 

under fusion-relevant conditions.  

 

 

 

Figure 1.10 Schematic view of a Test Blanket Module (TBM) as proposed for integration into ITER. The 

TBM programme aims to test tritium breeding module concepts under fusion-relevant conditions, as a 

critical step toward achieving fuel self-sufficiency in future reactors such as DEMO [63]. 

 

In DEMO, operational and technical challenges are expected to become even more 

complex compared to those of ITER. As mentioned before, DEMO will operate in two 

phases that can be distinguished in terms of the irradiation damage levels expected for the 
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structural materials used for the fusion FW and blanket (often referred to as FW/B): a 

starter blanket phase up to 20 dpa (20 dpa corresponds to around 2 full power DEMO 

years [53]) and a second blanket phase that will reach 50 dpa. This is a substantial 

difference from the initial tests that will be performed in the ITER TBM programme, 

where the dose-temperature range is more limited (Ḑ 2.5-3 dpa, Ḑ 300 C). For a future 

full power generating fusion reactor, the end-of-life doses are in the range of Ḑ 150-200 

dpa, over a wide temperature range [64, 65]. These data are summarised in Fig. 1.11 [54, 

66]. 

 

 

Figure 1.11 Operating temperatures and neutron dose regimes of fusion first wall and blanket (FW/B) steel 

structures in different fusion reactor concepts. The ITER TBM and DEMO conditions have been retrieved 

from [54, 66]. Conditions for a fusion power plant are retrieved from [64, 65]. 

 

The divertor, already introduced in the previous figures, is a critical component shared by 

both ITER and DEMO. Located at the bottom of the vacuum vessel, its role is to extract 

heat and ash produced by the fusion reactions, minimise plasma contamination and 

protect the surrounding structures from thermal and neutron loads. The ITER divertor 

consists of 54 cassette assemblies (Fig. 1.12(a) [67]) supported by an austenitic stainless 

steel structure, and includes three Plasma Facing Components (PFCs): the inner and outer 

vertical targets and the dome. PFCs are primarily composed of tungsten as the armour 

material, underlain by a CuCrZr heat sink and an OxygenFree HighConductivity copper 

(Cu-OFHC) interlayer for thermal and structural support [68]. 

The basic components of the ITER divertor are schematically shown in Fig. 1.12(b) [69]. 

Fig. 1.12(c) displays an inner vertical target produced as part of a manufacturing 

qualification program [70]. The cassette assemblies also host a number of diagnostic 

components for plasma control and physics evaluation and optimization. The inner and 

outer vertical targets are positioned at the intersection of magnetic field lines where 
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particle bombardment will be particularly intense in ITER, as illustrated in Fig. 1.13 [71]. 

The heat generated by these particles impacting on the vertical targets is actively removed 

by a coolant system. 

 

 

 

Figure 1.12 (a) Size comparative representation of the ITER divertorôs 54 cassette assemblies [67]. (b) 

Basic components of the ITER divertor, including cassette body, vertical targets, and dome [69]. (c) Full-

scale prototype of the inner vertical target (highlighted in the schematic shown on the bottom right corner 

of the image [70]). 

 

The configuration shown in Fig. 1.13 corresponds to the typical magnetic topology near 

the plasma edge in a diverted tokamak. The magnetic separatrix (the last closed magnetic-

flux surface, LCFS) defines the boundary between the confined plasma and the scrape-

off layer (SOL), where open magnetic field lines guide heat and particles toward the 

divertor targets. These lines intersect the surface at well-defined strike points, 

concentrating most of the exhausting power and particle flux.   
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Figure 1.13 Schematic view of the magnetic configuration in a diverted tokamak [71] . 

 

As mentioned before, Euroferô97 (Gen-I RAFM) is the baseline EUROfusion structural 

material selected to maintain the integrity and correct alignment of the reactor blankets 

and divertor cassette structure, at least during the first phase of DEMO operation (up to 

20 dpa). Reduced-activation ferritic/martensitic (RAFM) steels have been developed by 

the fusion materials community for over 2 decades [31, 66, 72] due to their better 

thermophysical properties compared to the 316L austenitic stainless steels currently used 

for ITER. 

In line with the vision of fusion as a clean energy source with minimal harmful radioactive 

by-products, RAFM steels were originally derived from 9Cr-1Mo steels to facilitate 

simplified waste management, such as shallow land burial or the potential for material 

recycling [73]. Ferritic steels can be relatively easily modified in terms of composition in 

order to achieve low-activation materials from a waste management perspective. 

Undesirable neutron activation-prone elements with long decay half-lives, such as Nb and 

Mo, are replaced by metallurgically equivalent, relatively low activation elements, Ta and 

W [74-76]. In addition, the content of other elements such as Cu, Co, Al and Ni is strictly 

limited to reduce the generation of high long-term radioactivity [77]. 

As illustrated in Fig. 1.14 [78], a conservative estimate of the total radiotoxicity of 

components in a RAFM steel-based fusion reactor after shutdown is compared to that of 

a second-generation Pressurized Water fission Reactor (PWR), a fourth-generation 

Molten Salt Fast Reactor (MSFR), and the ash from a coal-fired power plant, all 

normalized to an electrical output of 1 GWe. It becomes evident that the expected 

radiotoxicity of a fusion reactor decreases by several orders of magnitude within 

approximately a human lifetime, eventually falling below the levels associated with coal 
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ash. This greatly alleviates the need for long-term disposal strategies and significantly 

reduces the radioactive legacy imposed on future generations. 

 

 

 

Figure 1.14 Comparison of the time evolution of total radiotoxicity from different energy sources, including 

a fusion reactor using RAFM steels, a GEN II pressurized water reactor (PWR), a GEN IV molten salt fast 

reactor (MSFR), and coal plant ash. The data are presented on a logarithmic scale and normalised to 1 

GWe of electrical production [78]. 

 

The approach to design RAFM steels is focused on achieving the desired material 

properties through a tempered martensitic microstructure. This structure combines high 

strength due to martensitic transformation into laths, with the addition of a high density 

of precipitates, such as M23C6 carbides and MX carbonitrides that render high-

temperature strength and in turn act as a sink for point defects, thereby improving the 

overall irradiation performance [79-83]. To achieve this microstructure, a normalization 

treatment (Ḑ980 to 1150 C) followed by tempering at Ḑ750 C is generally applied to 

these steels. This allows carbon to be released from the supersaturated solid solution of 

the martensitic matrix, facilitating the formation of carbides and simultaneously restoring 

the body-centred tetragonal structure, which enhances ductility [75, 82, 84-86]. 

Significant progress has already been made in the qualification and validation of 

Euroferô97 as an AFCEN-RCC code qualified material in the unirradiated condition. For 

various reasons, the qualification of materials under fusion-relevant conditions is being 

carried out through the Small Specimen Test Technology (SSTT) programme, which is 

part of the collaborative activities and tasks outlined in the EUROfusion Roadmap. In 

particular, these reasons include the reduced space available in the irradiation module of 

IFMIF facilities like DONES, the high complexity of achieving homogeneous neutron 

fluxes of sufficient area and the high risks involved when manipulating activated 

specimens, making it mandatory to reduce the amount of activated material (by testing 
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small samples instead of standard-size specimens) [87-90]. Following this line, more 

progress is expected over the next decades. 

Based on the same philosophy as the ITER TBM, back-up concepts will be tested in the 

initial DEMO phase to advance towards more robust RAFM steels, which are expected 

to be available for operation in the second phase of DEMO. Among the candidates, 

RAFM-based Oxide Dispersion Strengthened (ODS) steels are being actively studied due 

to their superior performance in terms of creep strength and high resistance to swelling 

[65]. In addition to the low-activation nature of these alloys, a key feature of this structural 

material is the high density of nano-sized precipitates, achieved by mechanically alloying 

the pre-alloyed powder of the metallic matrix with an optimal amount of yttria (Y2O3). 

However, much work remains to be done to enable the production of this material at an 

industrial scale, a challenge currently being addressed by EUROfusion through processes 

such as the STARS © route [91] initiative. 

Another major challenge for the realisation of fusion energy power plants concerns the 

performance of the PFCs already introduced, which are located in the FW and divertor 

and are directly exposed to the plasma. The interaction between the edge-plasma and 

these components is a focal point of fusion material research, since they will be subjected 

to the major part of particle bombardment and thermal energy arriving from the plasma 

[92]. The key types of Plasma-Surface Interactions (PSI) include material erosion, plasma 

contamination, surface damage and tritium fuel retention. Addressing these issues is 

essential for the safe and efficient use of PFCs for ITER and DEMO, both in terms of 

lifetime and safety aspects. This also enables researchers to investigate the underlying 

physics of PSI processes and improve predictive models for these interactions.  

The reference material selected for the ITER divertor and FW is tungsten, giving rise to 

the concept of full-W ITER divertor shown in Fig. 1.12(b) [69]). This design consists of 

cassette assemblies that are actively cooled and fitted with W monoblocks, as exemplified 

in the actual prototype of the inner vertical target presented in Fig.1.12(c) [70]. In the 

earlier stages of the project, however, alternative strategies were considered for the FW 

configuration. Specifically, the original approach for the main chamber involved starting 

with beryllium-coated FW panels, with a later upgrade to full-W components for the D-

T phase [93]. 

Therefore, by adopting a full-W divertor from the outset, ITER avoids the need for this 

expensive and technically challenging mid-project upgrade. The change was driven by 

several advantages of W over Be, including its significantly higher melting point, lower 

erosion rate, reduced tritium retention by co-deposition, and the elimination of complex 

safety constraints associated with Be handling [94]. However, the increased W surface 

area poses challenges for plasma initiation and impurity control. To mitigate these risks, 

the re-baseline includes the installation of a conventional boronization system, which 

allows the deposition of thin boron layers on PFCs to improve plasma start-up and reduce 

W sputtering during the limiter phase [94]. 

The mock-up units shown in Fig.1.15 [95] illustrate the structural concept adopted for 

the ITER-like W monoblock. This design addresses the heat sink challenge by 

incorporating a 1.5 mm thick CuCrZr pipe with internal swirling to enhance coolant flow, 

in direct contact with the cooling water. A 1 mm thick high-purity OFHC-Cu interlayer 
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is placed between the heat sink and the W block to mitigate thermal stresses and improve 

heat transfer. This configuration serves as the reference concept for ITER targets, and 

will henceforth be referred to as the ITER-like W monoblock. 

 

 

 

Figure 1.15 Mock-up units developed to validate the W monoblock concept [95]. 

 

The plasma-facing materials and exhaust systems suitable for ITER have already been 

developed, but their operation needs to be qualified. The selected cooling system operates 

with forced single-phase convection of turbulent water flow, and the heat transfer is 

intensified by using inner finning and flow swirling [92]. The qualification programme 

has combined both HHF tests and Non-Destructive (ND) evaluation methods before and 

after testing [53]. The performance of joining technologies has also been assessed. 

HHF testing campaigns have been conducted to evaluate the behaviour of the mock-ups 

shown in Fig. 1.15 under extreme thermal loads. These tests typically involve stationary 

loading cycles (10 s on/10 s off) at 10 MWm-2 for 5000 cycles, and at 20 MWm-2 for a 

minimum of 300 cycles [69], although a higher number of cycles are often performed. 

Water-cooled samples have successfully withstood loads up to 20 MWm-2, while helium-

cooled specimens have endured thermal loads up to 10 MWm-2 [92]. 

However, it is a requirement for ITER to limit the heat flux value to no more than 20 

MWm2 in the most critical regions, since this value approaches the current technological 

limit. To achieve this, several strategies are employed, one of which involves enhancing 

radiative cooling through the so-called detached regime. In this state, the plasma near the 

divertor plates cools down significantly, and a large fraction of the power carried by the 

plasma is dissipated as radiation before reaching the surface. This ensures that the plasma 

temperature remains below 1.16 × 103 K (10 eV), thereby protecting the divertor 

components from excessive thermal loads [97]. 
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An additional strategy involves the use of gas injection systems (GIS) to introduce 

radiative impurities into the divertor plasma during heat flux peaks associated with 

transient events, enhancing cooling and protecting the divertor components [95]. While 

these solutions are effective for ITER, the conditions in DEMO will be even more 

demanding, and new designs are being explored to manage broader plasma flows and 

integrate innovative plasma-facing components. One approach under consideration 

consists of extending the divertor leg (the section responsible for guiding plasma exhaust) 

to improve heat dissipation and facilitate plasma detachment [100]. Another further 

promising avenue involves the use of liquid metals, which offer superior heat absorption 

capabilities, enabling the divertor to withstand higher thermal loads [92, 97]. 

In addition, several benefits have been reported in terms of thermal fatigue resistance and 

cracking induced by plastic strain accumulation when reducing the dimensions of the W 

monoblock (especially their width) [98]. Narrower monoblocks enhance thermal 

conduction, which ultimately reduces the maximum surface temperature reached under 

cyclic HHF loading. This, in turn, leads to lower plastic strain accumulation in the OFHC-

Cu interlayer, thus extending the componentôs fatigue lifetime. For these reasons, smaller 

W monoblocks compared to ITER-like W monoblock concept (Fig. 1.15) are currently 

foreseen for DEMO divertor targets, as illustrated in Fig. 1.16 [99] which compares the 

technical drawings of both designs. 

A key additional aspect in the heat-transfer consideration for DEMO concerns the choice 

of heat sink materials. As mentioned, the current W monoblock concepts includes CuCrZr 

as baseline HHF material (Fig. 1.15 and Fig. 1.16) [95, 101]. For DEMO, the intention to 

maintain CuCrZr as the reference heat sink remains, due to its excellent thermal 

conductivity and its status as one of the most optimal candidates in terms of mechanical 

strength among the High Strength and High Conductivity (HSHC) Cu-based alloys 

available (the reader is referred to section 2.1 for a detailed understanding of the 

acceptance criteria based on the thermal conductivity of these HSHC Cu-based alloys.)  

[102]. 

Precipitation-hardened CuCrZr has been used as structural material for actively cooled 

PFCs for several decades [103]. However, RAFM steels are also being considered for 

specific components such as the heat sink pipes in the divertorôs dome [100]. Similar to 

ITER, a water-cooled target concept has been selected so far for the divertor PFC units 

and cassette body, albeit with a simplified divertor geometry compared to ITER. Fig. 1.17 

[104] illustrates the current European DEMO divertor concept, highlighting the 

simplified W-shaped geometry and internal cooling structure. Alternative designs are 

being also developed for the Japanese [105], Korean [106], and North American [107] 

versions of the DEMOnstration Power Plant. 
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Figure 1.16 Design comparison of W monoblock concepts with axial thicknesses of (a) 4 mm and (b) 12 

mm, as considered for DEMO and ITER-like geometries, respectively [98] . 
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Figure 1.17 Schematic of the European DEMO divertor design, showing the simplified W-shaped geometry 

and internal cooling channels [104] . 

The service temperature limits for CuCrZr under irradiation range between 150/250 °C 

for the lower limit and 350 °C for the upper one [108]. The exact specification of the 

lower bound is determined based on the specific structural designed criterion applied. 

When uniform elongation is employed as a criterion, the limit should be set to 250 °C, 

whereas a 150 °C value should be used when total elongation is considered. The choice 

of lower bound involves neutron irradiation effect (irradiation embrittlement below 

275 °C) and creep resistance considerations (further details can be found in section 2.1.7 

and in Fig. 2.27 and Fig. 2.28). The allowable upper temperature limit is determined by 

the unacceptable loss of tensile strength of the structural heat sink material due to thermal 

softening and irradiation creep for long-term operation. In this context, the coolant 

temperature plays a critical role in maintaining the materialôs structural integrity while 

also ensuring optimal cooling performance. 

Design constraints for the coolant temperature (Tcool) in DEMO arise from three critical 

factors: from a cooling perspective, Tcool should remain as low as possible to maximise 

the margin to the Critical Heat Flux (CHF) at the cooling pipeôs inner wall, of 45 MW/m2 

[109]. Conversely, structural reliability demands that irradiated components operate 

above the ductile-to-brittle transition temperature (DBTT) of Euroferô97 and the thermal 

recovery temperature of irradiated CuCrZr (150-200 °C [110, 111]), to maintain ductility. 

The later requirement is grounded on the ability of CuCrZr to recover lattice defects 

through thermal annealing at relatively low temperatures. Additionally, the risk of erosion 

corrosion on the inner wall of the pipe (particularly above 200 °C and when water 

chemistry is not adequately controlled [100]) is a design aspect that must also be 

considered. 

Taking these constraints into account, and assuming a safety factor of 1.4 (i.e., a 40% 

margin) relative to the CHF of 45 MWm-2 under the applied high heat load of 20 MW/m2 

in thermal equilibrium (pulse Ó 10 s), the maximum allowable local coolant temperature 
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at the strike point of the target is approximately 137 °C [109]. Therefore, the current 

hydraulic parameters for the target coolant are set with an inlet temperature of 130 °C and 

pressure of 5 MPa, an outlet temperature of 136 °C, and a pressure drop of less than 1 

MPa. These values correspond specifically to the strike point region, where thermal loads 

are most severe, and may differ from those used in other sections of the divertor or the 

FW [109]. 

Under these restrictions, the expected temperatures of the CuCrZr cooling pipes at the 

DEMO divertor during normal operation are in the range of 150/250 to 350 °C, although 

slow-transient events could lead to local overheating beyond the upper limit [100]. In 

addition, several uncertainties or limitations in lifetime projections of the CuCrZr pipe 

and Cu interlayer are present, mainly because of the thermal history of CuCrZr and the 

loss of its initial yield strength by ageing under the long-term cycles. Moreover, 

anticipated irradiation damage levels for the CuCrZr heat sink pipes are expected to be 

significantly higher than those in ITER, owing to the longer operation times and increased 

neutron flux. The maximum dose rate during a full-power-year (FPY) of operation is 

estimated at 7.2 displacements per atom per FPY (dpaĀFPY-1) for CuCrZr [100]. 

Because of these reasons, EUROfusion is currently working with the aim of achieving 

HHF targets capable of withstanding DEMO-relevant neutron irradiation conditions. All 

of them consider a W monoblock as the baseline plasma facing material and an internally 

swirled Cu-alloy pipe as heat sink material in the divertor target design (although 

alternative geometries are also investigated like the hypervapotron geometry [112], 

representative images of this geometry can be found in section 2.2.1, in Fig. 2.30 and Fig. 

2.31. Various strategies are employed, including the thermal break interlayer concept, 

which features bores or notches in the Cu-interlayer at regions of peak heat flux [113], 

and pipe reinforcement using different types of Cu-W composite materials and novel 

interlayer materials [114, 115]. 

This doctoral research addresses this challenge from a manufacturing perspective, 

focusing on the potential of additive manufacturing technologies to fabricate CuCrZr 

components. Additive manufacturing not only offers enhanced design flexibility but also 

enables the production of complex geometries and tailored microstructures, which could 

significantly improve the performance and durability of HHF components under extreme 

operating conditions.  
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Chapter 2. State-of-the-art: The CuCrZr alloy and its additive 

manufacturing 

 

 

 

Chapter 2 reviews the development and processing of high strength and 

high conductivity (HSHC) copper based alloys, with a focus on the CuCrZr system and 

its emerging additive manufacturing routes. It begins by tracing copperôs unmatched 

thermal and electrical conductivities (and corresponding softness in its pure form) to the 

development of precipitation hardened HSHC alloys, in which controlled ageing 

produces finely dispersed second phase precipitates that that strengthen the material 

while preserving ductility. The trade offs of different strengthening methods (grain 

refinement, solid solution additions, and precipitation strengthening) are then compared, 

highlighting precipitation strengthening as the best way to balance strength and 

conductivity in CuCrZr. 

Next, the chapter justifies the exclusive focus on CuCrZr by comparing its mechanical 

and thermal performance against other Cu based alloys, emphasizing its superior fracture 

toughness, low neutron activation, and cost effectiveness. It then delves into the 

conventional thermomechanical processing of the commercial CuCr1Zr (UNS C18150) 

alloy, how solution annealing, quenching, and precise ageing treatments develop the ideal 

microstructure for high strength and conductivity. Phase diagram analyses, optical and 

electron microscopy observations, and mechanical property trends illustrate how cooling 

rate, ageing time, and temperature govern grain size, precipitate evolution, and the onset 

of overageing. 

Building on this, the chapter describes the tighter compositional and impurity controls of 

ITER grade CuCrZr (IG-CuCrZr), detailing its solution anneal + HIP + ageing sequences 

and the microstructural coarsening induced by joining processes. Comparative tensile and 

hardness data confirm that, even in overaged conditions, ITER grade material meets 

strength requirements, while cold work + ageing yields further gains at the expense of 

ductility. 

Subsequently, additive manufacturing (AM) is presented as a solution to conventional 

fabrication and joining drawbacks and grain growth, precipitate coalescence, and 

weld induced damage. After summarizing ISO/ASTM AM terminology, it surveys the 

principal metal AM categories before focusing on powder bed fusion (PBF). Key PBF 

fundamentals, process parameters, and their influence on microstructure are outlined, and 

recent advances in laser  and electron beam PBF of Cu and CuCrZr alloys are reviewed. 

The chapter then identifies the opportunities and challenges of AM and sets the stage for 

the thesisôs experimental and modeling efforts to harness AM for fusion relevant CuCrZr 

components. 

Finally, the chapter presents a parameterisation of texture driven strengthening. It 

introduces the Taylor factor (M) as a quantitative measure of anisotropy, linking the 
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macroscopic tensile stress to the critical resolved shear stress in individual grains based 

on their crystallographic orientations. The underlying mathematical framework is then 

outlined: starting from the external stress and strain tensors, virtual work principle is used 

to derive the factor that minimises the sum of glide shears across the necessary active slip 

systems in an FCC lattice. This parameterisation enables prediction of how build direction 

and post processing treatments like HIP alter yield behaviour, setting the stage for the 

thesisôs experimental texture mechanics correlations. 
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2.1. High-Strength and High-Conductivity  (HSHC) Cu-based alloys 

Throughout history, copper has played a central role in technological advancements due 

to its outstanding electrical and thermal conductivity, making it an indispensable material 

for power generation, heat exchangers, and advanced electronics [116]. The electrical 

conductivity of metals is often expressed as a percentage that of the International 

Annealed Copper Standard (IACS), which sets annealed pure copper (at room 

temperature, RT) as the reference with 100% IACS, corresponding to a conductivity of 

58 MS/m (or a resistivity of 1.724 ɛɋĿcm) [117]. This standard provides a universal 

benchmark for comparing the conductivity of other metals and alloys. 

Pure copper also offers an impressive thermal conductivity of 401 W/m·K at RT [117], 

ensuring excellent heat dissipation and making it highly desirable for thermal 

management applications. However, pure annealed copper typically exhibits coarse 

grains (CG) and is inherently soft, with a yield strength (YS) of only ~50 MPa and an 

ultimate tensile strength (UTS) of around 190 MPa [116], far below the UTS of typical 

structural steels (400-700 MPa). This makes pure Cu unsuitable for most applications 

where mechanical strength and durability under stress are critical, especially in 

demanding environments involving high mechanical loads and thermal cycling, such as 

fusion reactor components of HHF systems [100]. 

Even ancient civilizations recognized the mechanical limitations of pure Cu. The 

development of metal alloys marked the transition from the Copper Age to the Bronze 

Age, when the first metallurgists discovered that alloying Cu with other elements, such 

as Sn, significantly improved its mechanical strength. This advancement enabled the 

production of more durable tools and weapons, as well as materials suitable for structural 

applications [118]. Since then, Cu alloys have continuously evolved to meet the growing 

demands of technological progress, from ancient bronze artifacts to modern high-

performance alloys used in advanced engineering. 

In modern times, the need for materials that combine both high mechanical strength and 

excellent thermal and electrical conductivity has driven the development of High-strength 

and High-conductivity (HSHC) Cu-based alloys. These alloys are specifically designed 

for applications where the unique balance of these properties is crucial, such as fusion 

reactors, HHF components, power generation systems, and aerospace technologies [116, 

119, 120]. Unlike pure Cu, HSHC Cu-based alloys maintain good conductivity while 

significantly improving mechanical performance, making them indispensable in 

advanced engineering fields. 

 

 

2.1.1. Strengthening mechanisms in Cu-based alloys 

Achieving this delicate balance between strength and conductivity in HSHC Cu-based 

alloys is no trivial task. While significant progress has been made, improving the 



 

41 

mechanical strength of Cu-based alloys inevitably introduces a trade-off with their 

thermal and electrical conductivity. Strengthening mechanisms such as grain refinement, 

solid solution strengthening, and precipitation hardening enhance mechanical 

performance but also create structural features, including grain boundaries, solute atoms, 

and second-phase precipitates, that scatter conduction electrons and phonons, increasing 

resistivity and reducing conductivity [116, 119, 121]. 

Among these mechanisms, grain refinement follows the well-known Hall-Petch 

relationship, where decreasing grain size increases strength by obstructing dislocation 

motion. However, excessive refinement introduces a high density of grain boundaries, 

which act as scattering centres for conduction electrons, reducing conductivity as 

previously mentioned. Dislocation strengthening, commonly achieved through cold work 

or severe plastic deformation, enhances strength by increasing dislocation density, 

although its effects are typically limited at elevated temperatures [121]. 

In addition, solid solution strengthening relies on the addition of alloying elements to the 

Cu matrix, creating lattice distortions that hinder dislocation movement. This method 

effectively improves strength but also introduces a significant drop in conductivity due to 

increased electron scattering at solute atoms. As a consequence, both grain refinement 

and solid solution strengthening often become limited in applications where high thermal 

and electrical performance is crucial [121].  

Precipitation strengthening, in contrast, stands out as the most effective hardening 

mechanism for HSHC Cu-based alloys, offering a unique balance between strength and 

conductivity [116, 119]. This is achieved through a controlled heat treatment process 

known as ageing, during which solute atoms from the supersaturated solid solution are 

desolvated and deflected, forming fine second-phase precipitates that act as barriers to 

dislocation motion without significantly affecting electron transport [121, 122]. 

The way dislocations interact with these precipitates depends on their size and 

distribution. In the early stages of ageing, precipitates are typically small and coherent 

with the Cu matrix, allowing dislocations to shear through them if the applied stress is 

sufficient. The shear stress required to cut through the precipitate (†) increases with 

precipitate size (expressed as the precipitate radius, ὶ), approximately following a †θ

 ὶȾ dependency [122, 123]. However, as ageing progresses, precipitates coarsen and 

lose coherency, making shearing increasingly difficult. Beyond a critical size, 

dislocations preferentially bypass the precipitates by bowing around them, forming 

Orowan loops that further strengthen the material. In this regime, the strengthening 

contribution follows an inverse relationship with precipitate size, †θ  ρȾὶ [122, 123]. 

The interaction between these mechanisms defines a characteristic strength vs. precipitate 

radius relationship depicted in Fig. 2.1, where a critical precipitate radius (ὶ) provides 

the maximum strengthening effect. Since dislocations will follow the path that requires 

the lowest stress, the dominant strengthening mechanism will be the one that minimises 

the shear stress. 
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Figure 2.1 Schematic representation of strengthening mechanisms as a function of precipitate radius, r. 

 

Fig. 2.2 [124] illustrates how precipitation strengthening evolves over time during ageing. 

Initially, as fine second-phase precipitates form and grow, their contribution to the overall 

strengthening increases. However, as ageing progresses, longer times and higher 

temperatures lead to coarser and incoherent precipitates, eventually reducing their 

effectiveness in impeding dislocation motion. This phenomenon, known as overageing, 

results in a gradual decline in the strengthening effect. The total yield strength of the alloy 

at any given stage is determined by the combined contributions of the different 

mechanisms. 

Unlike other strengthening methods, precipitation strengthening can simultaneously 

enhance the alloy's mechanical strength while maintaining high conductivity, making it a 

major focus in the development of HSHC Cu-based alloys [116]. This effect, however, 

relies on two key conditions of the alloying elements: (1) they should exhibit a significant 

difference in solubility in the matrix at high and low temperatures, allowing for sufficient 

precipitate formation during ageing, and (2) their solubility at ambient temperature should 

be very low, preserving high matrix conductivity [116]. 

Various Cu-based alloys have been developed by adding elements such as Al, Nb, Cr, 

Mg, Zr, Ti, Ag and Fe to enhance their mechanical properties while maintaining high 

conductivity. Among them, Cu-Cr-Zr stands out as the main candidate for use in HHF 

components of nuclear fusion facilities, as it offers not only an excellent balance of 

thermal conductivity and mechanical strength, but also high fracture toughness, good 

availability, and relatively low cost. Additionally, its composition exhibits relatively 

lower activation under neutron irradiation, which makes it more suitable than other Cu-

based or structural alloys in terms of radiological safety [102, 116, 125, 126]. 
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Figure 2.2 Evolution of the different strength contributions to the total yield strength over time during 

ageing [124]. The total yield strength results from the combined contributions of different mechanisms 

(óloopô refers to the Orowan mechanism). 

 

2.1.2. Property relationships across representative Cu-based alloys 

The mechanical properties and electrical and thermal conductivity of age-hardenable Cu-

based alloys can vary significantly depending on their specific chemical composition and 

thermal history. Microalloying elements, such as Al, Ti, Fe, Co, Cr, Zr, Mg, Nb or Ag, 

are often added to enhance particular properties, leading to a wide range of performance 

outcomes [116, 119, 120, 127]. Similarly, thermal treatments such as solution annealing, 

quenching, and subsequent ageing, as well as whether cold work or severe plastic 

deformation has been applied for hardening, have a profound impact on the final 

microstructure and property balance of these alloys. For this reason, providing a clear 

comparison of typical properties is challenging but essential to understand the criteria for 

selecting Cu-based alloys in advanced engineering fields, especially in fusion reactor 

technology, where the trade-off between strength and conductivity must also consider low 

activation requirements [128]. 

It is common in the literature to report electrical conductivity rather than thermal 

conductivity, due to the relative simplicity of its experimental measurement. Therefore, 

given the focus of this thesis on the thermal and mechanical properties of HSHC Cu-

based alloys, electrical conductivity values reported in the literature have been converted 

to thermal conductivity employing the Wiedemann-Franz law [129]. This approach offers 

a reasonable estimation for precipitation-strengthened copper alloys with moderate 

alloying content. 
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However, for alloys with higher solute concentrations or extensive second-phase 

precipitates, the increased electron-phonon scattering leads to deviations from the ideal 

Lorentz constant (ὒ), resulting in an overestimation of the thermal conductivity [130]. 

Despite these limitations, in highly conductive materials such as pure metals and 

copper based alloys, heat transport is overwhelmingly governed by the electronic 

contribution. Although the phononic contribution does act to reduce the net conductivity, 

its effect is negligible compared to that of the electrons. Therefore, the WiedemannïFranz 

law remains a valid and practical tool for estimating thermal performance at room 

temperature and for enabling meaningful comparisons across HSHC copper alloys [130, 

131]:  

   

   

 ‖ ὒϽ„ὝϽὝ 
 

(2.1) 

   

   

With ὒ = 2.45 × 10-8 WɋK-2, Ὕ = 298 K, and „Ὕ representing the electrical 

conductivity, calculated from the %IACS where 100% IACS corresponds to 58 MS/m, 

as stated before. 

Fig. 2.3 visualizes the relationship between thermal conductivity and UTS for several 

widely studied precipitation-strengthened and dispersion-strengthened Cu-based alloys 

and pure Cu. The alloys presented include the Cu-Ni-Si [119, 132-135]  and Cu-Cr-Zr 

[102, 111, 119, 136-156] systems and their microalloyed variations; the commercial 

AmZirc (C15000) (Cu-Zr) alloy [157, 158]; and a group labelled as ócommercial Cu 

alloysô, which includes collected data from common commercial alloys such as Glidcop 

Al -15 (C15715) and Glidcop Al-60 (®, Cu-Al) [ 159, 160], GRCop-42 and GRCop-84 

(®, Cu-Cr-Nb) [120, 159, 161-164] and AMAX -MZC (Cu-Mg-Zr-Cr) [157, 158]. 

Additionally, data from oxide dispersion-strengthened (ODS) copper alloys have been 

included in Fig. 2.3 for comparison [156, 165-167]. Recently, ODS Cu-based alloys have 

gained increasing attention in fusion reactor research due to their superior creep resistance 

at temperatures above 300-400 °C, where traditional precipitation-strengthened Cu-based 

alloys tend to degrade.  These alloys, such as Cu-Y O , are characterised by the 

incorporation of finely dispersed oxide particles that significantly enhance high-

temperature mechanical stability. Glidcop alloys (e.g., Al-15 and Al-60) are also 

technically dispersion-strengthened rather than precipitation-strengthened, with ultrafine 

alumina (Al O ) particles acting as dispersoids to inhibit dislocation motion and improve 

performance at elevated temperatures. 

Moreover, data from Cu-Ti alloys are included [119, 168-170], a system typically 

characterized by higher solute concentrations and stronger precipitation effects. This 

results in significantly lower thermal conductivity compared to other precipitation-

strengthened-copper alloys. As mentioned before, the Wiedemann-Franz (Eq. 2.1) law 

tends to overestimate thermal conductivity in these heavily alloyed systems, due to the 

increased electron-phonon scattering which reduces the actual thermal performance 

beyond the prediction of the ideal Lorentz constant. This phenomenon is particularly 

evident in Cu-Ti alloys, Cu-Cr-Nb systems like GRCop-42 and GRCop-84, as well as 
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Cu-Ni-Si alloys with high solute content. Consequently, when directly measured thermal 

conductivity values are available, they have been used for greater accuracy. Otherwise, 

the estimated values from the Wiedemann-Franz law still offer a practical comparative 

framework for evaluating HSHC copper and Cu-based alloys. 

 

 

Figure 2.3 Relationships between thermal conductivity and ultimate tensile strength (UTS) at RT for pure 

copper and several representative precipitation-strengthened and dispersion-strenghtened Cu-based 

alloys. The data include Cu-Ni-Si [119, 132-135] , Cu-Cr-Zr [102, 111, 119, 136-156] , Cu-Ti [119, 168-

170] , ODS-Cu [156, 165-167]  and commercial Cu-based alloys such as AmZirc (C15000) [157, 158], 

GRCop-42 and GRCop-84 [120, 159, 161-164] , AMAX-MZC [157, 158], and Glidcop (Al-15, Al-60) [159, 

160]. Directly measured thermal conductivity values were used where available; otherwise, estimates were 

calculated using the Wiedemann-Franz law. 

 

Selecting a suitable HSHC Cu-based alloy for fusion reactor applications requires an 

optimal balance between high mechanical strength, excellent thermal conductivity, and 

low neutron activation. Among the available alloys, systems like Cu-Ti offer significant 

mechanical performance, but their substantially lower thermal conductivity makes them 

unsuitable for HHF applications. Additionally, the use of elements prone to neutron 

activation such as Ni, Nb, Co and Al must be minimised to meet radiation safety standards 

in fusion environments [128]. Consequently, commercial Cu-based alloys such as 

GRCop-42, GRCop-84 and Glidcop variations, are not ideal choices. 

Exceptions are the AMAX-MZC and AmZirc (C15000) alloys. While the AMAX-MZC 

composition avoids problematic activation elements, its mechanical properties are less 

favourable compared to other alternatives. AmZirc, with its 0.15 wt.% Zr, provides a 

reasonable balance of thermal conductivity and mechanical strength, though the Zr 

content must be carefully controlled. ODS Cu-based alloys also represent an interesting 

alternative, offering superior mechanical performance at elevated temperatures (note that 

the data provided by Fig. 2.3 corresponds to RT). However, their thermal conductivity is 
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lower compared to other Cu-based alloys, and their large-scale industrial processing is 

still under investigation [171]. 

Ultimately, Cu-Cr-Zr alloys emerge as the most promising candidate for HHF 

applications in fusion reactors. With excellent mechanical properties when processed and 

aged appropriately, Cu-Cr-Zr alloys offer the best combination of performance and safety 

for demanding fusion reactor applications [102]. Besides the mechanical strength 

criterion, it presents a relatively high fracture toughness at RT (150-200 MPa·m1/2), which 

remains above 100 MPa·m1/2 up to 300 °C [125]. This is crucial for ensuring structural 

integrity under extreme thermal and mechanical loads. Nevertheless, ongoing research 

aims to further enhance their performance through innovative approaches, such as 

reinforcement with W fibres or W particles, and small additions of V [156]. 

 

2.1.3. The CuCr1Zr alloy  

The CuCr1Zr is a well-established commercial alloy, extensively used across various 

industries for decades. As a precipitation-hardened alloy, its mechanical strength is 

primarily derived from the formation of fine second-phase precipitates during heat 

treatment. As shown in Fig. 2.3, it offers a remarkable balance between mechanical 

performance and high thermal and electrical conductivities, making it suitable for 

aerospace, electrical systems, and high-energy physics [116, 119, 120, 172-174]. Its 

designation under the Unified Numbering System (UNS) is C18150, and the chemical 

compositional ranges are [175, 176]:  

Table 2.1 Chemical composition of CuCr1Zr in accordance with the available standards [175, 176] . 

   

CuCr1Zr 

(UNS No. 

C18150) 

Composition (wt.%) Impurities (wt.%) 

Cu Cr Zr Fe Si Total of other elements 

Bal. 0.5 ï 1.5 0.05 ï 0.25 < 0.08 < 0.1 0.2 max 

          

          

          

Given that C18150 is a commercially established alloy with a well-developed 

manufacturing technology, extensive knowledge has been accumulated regarding its 

production routes and thermomechanical processing. A logical starting point for 

understanding this conventional processing and the development of a fine precipitate-

strengthened microstructure is the examination of the binary Cu-Cr and Cu-Zr phase 

diagrams. These diagrams help to determine the appropriate temperatures for each heat 

treatment step. The Cu-Cr phase diagram is shown in Fig. 2.4 [177]; however, the relevant 

compositional range for CuCr1Zr is not visible in the complete diagram. Therefore, a 

more detailed view of the Cu-rich corner, including the eutectic invariant reaction, is also 

provided in Fig. 2.5 based on the work of Chakrabarti and Laughlin [178]. The Cu-Zr 

phase diagram is depicted in Fig. 2.6 [179]. 



 

47 

 

Figure 2.4 Cu-Cr binary phase diagram [177] . 

 

Figure 2.5 Cu-rich corner of the Cu-Cr binary phase diagram, highlighting the eutectic invariant reaction 

[178]. 
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Figure 2.6 Cu-Zr binary phase diagram [179]. 

The solubility of Cr and Zr in the Cu matrix at different temperatures is provided in Table 

2.2 The solubility values for Cr were originally reported in the work of Doi [180], later 

compiled and referenced in [178], while the solubility data for Zr are sourced from [181-

184]. A considerable difference in Cr solubility can be observed between the eutectic 

temperature (1076.6 °C), where it reaches 0.89 at.% (0.73 wt.%), and 840 °C, where it 

decreases down to 0.12 at.% (0.10 wt.%). At typical ageing temperatures (400ï500 °C), 

the Cr solubility is expected to drop even further, providing the optimal conditions for the 

precipitation of Cr-rich phases. 

In the case of Zr, its solubility is less well-documented and often shows inconsistencies 

between references in the literature. Nevertheless, available data indicate that it is even 

lower than Crôs, reaching approximately 0.1 at.% near the typical solubilisation 

temperatures (Ḑ 950 °C), depending on the reference consulted (see Table 2.2). This 

solubility is also expected to decrease at lower temperatures, causing Zr to be rejected 

from the Cu matrix and form Zr-rich precipitates. 
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Table 2.2 Solubility of Cr and Zr in the Cu matrix at various temperatures. Cr solubility data are sourced 

from Doi [180] , as compiled in [178], while Zr solubility data are taken from multiple references [181-

184]. 

      

Cr in (Cu) 

(at.%) 

Temperature 

(°C) 
 

Zr in (Cu) 

(wt.%) 

Temperature 

(°C) 

Reference 

0.89 1076.6  0.12 972 [181] 

0.73 1050  0.11 965 [183] 

0.49 1000  0.11 950 [184] 

0.31 950  0.1 920 [182] 

0.21 900  
 

0.12 840  

 

 

Therefore, the processing sequence of CuCr1Zr follows a Solution Annealing and Ageing 

(SAA) treatment, which involves an initial solution annealing (SA) step at a temperature 

just below the solvus line in the Cu-Cr phase diagram (980-1000 °C) to fully dissolve Cr 

into the Cu matrix (provided the Cr concentration is below 0.89 wt.%), creating a 

supersaturated solid solution. Since Cr is the primary alloying element, the Cu-Cr phase 

diagram serves as the reference for determining this solubilisation temperature. 

Solubilisation is followed by rapid water quenching to retain this metastable state. During 

the subsequent ageing (A) process at moderate temperatures (400-500 °C), the significant 

difference in solubility between solution and ageing treatments for both elements in the 

Cu matrix, combined with their supersaturation in the Cu matrix, provides the driving 

force for the precipitation of fine Cr-rich and Zr-rich phases, effectively enhancing the 

mechanical strength of the alloy. 

In this way, the two key conditions for obtaining a HSHC Cu-based alloy, as discussed 

in section 2.1.1, are clearly met [116]: (1) a pronounced difference in solubility between 

solution treatment and ageing temperatures, ensuring a hardening effect due to 

precipitation strengthening, and (2) the very low solubility of alloying elements at RT, 

which ensures that the Cu matrix remains primarily pure Cu, minimising electron 

scattering and maintaining high electrical conductivity. 

 

2.1.4. Heat treatment strategies and microstructural evolution of CuCr1Zr alloy  

To further understand the microstructural transformations during processing and phase 

relationships in CuCr1Zr, it is necessary to analyse the ternary Cu-Cr-Zr phase diagram. 

Fig. 2.7(a) and Fig. 2.7(b) [185] show two vertical sections at constant Cr concentrations 

(0.5 at.% and 1.5 at.%, respectively) illustrating how the phases evolve with increasing 

Zr content. These phase diagrams were calculated by Zeng and Hämäläinen [185], while 

the experimental data points included in the figures correspond to measurements reported 

by Kuznetsov et al. [186]. For simplicity, the authors introduced the following 
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abbreviations for the phases present in the diagram: ‌, ‌-Cr2Zr; 5, Cu5Zr; 51, Cu51Zr14; 

8, Cu8Zr3; 10, Cu10Zr7. Notably, no ternary compounds have been identified in the Cu-

Cr-Zr system [186, 187]. 

 

 

Figure 2.7 The calculated vertical sections of the Cu-Cr-Zr phase diagram at constant Cr concentrations: 

(a) 0.5 at.% Cr and (b) 1.5 at.% C. The phase boundaries were thermodynamically calculated by Zeng and 

Hämäläinen [185] , while the experimental data points included in the figure correspond to Kuznetsov et 

al. [186]. The following abbreviations were used for the identified phases: Ŭ, Ŭ-Cr2Zr; 5, Cu5Zr; 51, 

Cu51Zr14; 8, Cu8Zr3; 10, Cu10Zr7. 
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Given that the compositional limits of the alloy restrict the maximum Cr and Zr contents 

to 1.5 and 0.25 wt.%, respectively (see Table 2.1), the Cu-rich corner of the diagram is of 

particular interest to predict the equilibrium phases in the C18150 Cu-based alloy: (1) the 

liquid phase, L; (2) the face-centred cubic (FCC) solid solution, (Cu); (3) the body-centred 

cubic (BCC) solid solution, (Cr), which shows negligible solubility of Cu below the 

eutectic temperature (1076.6 °C) [178]; and (4) various ὅόὤὶ intermetallic phases. 

According to the diagrams, the equilibrium intermetallic phases would mainly include 

Cu5Zr and Cu51Zr14, while ‌-Cr2Zr could also form at higher Zr concentrations, up to the 

0.25 wt.% limit. However, their exact identification and stability have been subject to 

debate in the literature and will be discussed in detail later. 

Among these phases, the BCC-Cr phase plays a fundamental role in precipitation 

strengthening. This effect has been directly observed by Liu et al. [188], who used in-situ 

TEM to investigate the interaction between gliding dislocations and Cr precipitates. Their 

study revealed that these precipitates act as effective barriers to dislocation motion, 

repeatedly pinning and disengaging dislocations, leading to a characteristic intermittent 

gliding behaviour. 

The addition of Zr, despite being present in smaller amounts compared to Cr, also plays 

an important role in enhancing the microstructural stability and mechanical performance 

of Cu-Cr-Zr alloys. It contributes to grain refinement by interacting with vacancies and 

dislocations, delaying grain growth and increasing thermal stability [189, 190]. It also 

promotes the precipitation of Cr-rich particles by reducing the solubility of Cr in the Cu 

matrix [189, 190]. In addition, the formation of thermally stable intermetallic ὅόὤὶ 
phases further improves the resistance to thermal softening and creep, preventing 

microstructural degradation at elevated temperatures [191, 190]. These Cu-Zr phases tend 

to precipitate preferentially at grain boundaries, where they act as effective barriers 

against grain coarsening and restrict intergranular slip, contributing to both the creep and 

fatigue resistance [190]. Additionally, Zr acts as an oxygen getter, preventing welding-

related defects during the assembly of reactor components [103]. 

As explained, SA treatment is applied at a temperature slightly below the solvus line in 

the Cu-Cr phase diagram, followed by rapid water quenching. This process ensures the 

formation of a solid solution of Cu supersaturated with Cr, providing the necessary 

condition for subsequent precipitation during ageing. A typical optical micrograph of the 

C18150 alloy (Cu-0.715-0.845Cr-0.081-0.112Zr wt.%), in a SA (980 °C, 60 min) 

condition, is shown in Fig. 2.8 [192], with black arrows indicating the presence of 

annealing twins. In this condition, the measured average grain size was 65 ± 8 µm. 
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Figure 2.8 Optical micrograph of a typical CuCr1Zr (Cu-0.715-0.845Cr-0.081-0.112Zr wt.%) 

microstructure in solution annealed (980 °C, 60 min) and water quenched condition [192]. Black arrows 

indicate the presence of annealing twins. 

 

The cooling rate after solution annealing plays a crucial role in determining the resulting 

microstructure. If it is too slow, Cr-rich and Zr-rich phases precipitate extensively during 

cooling, depleting the matrix of solute atoms and preventing the formation of a fully 

supersaturated Cu matrix. Consequently, during ageing, the formation of new fine 

precipitates is significantly limited, as most of the available solute atoms have already 

been consumed during cooling. This is evidenced in Fig. 2.9(a), Fig. 2.9(b) and Fig. 

2.9(c), which show Field Emission Scanning Electron Microscopy (FE-SEM) 

micrographs of a C18150 alloy (Cu-0.75Cr-0.105Zr wt.%) after solution annealing 

followed by different cooling rates [193]. Fig. 2.9(a) corresponds to a solution annealing 

treatment followed by water quenching (with a very high cooling rate, dependent on the 

water temperature), whereas specimens from Fig. 2.9(b) and Fig. 2.9(c) were cooled 

outside and inside the furnace, with estimated cooling rates of 0.8-1.5 °C/s and 0.03-0.06 

°C/s, respectively. Cooling curves and details on these estimations are reported in [143]. 

A clear trend is observed from these micrographs: as the cooling rate decreases, the 

precipitates become progressively coarser. In the case of water quenching, no visible 

precipitates are present, suggesting that all (or nearly all) solute atoms remain in solid 

solution within the Cu matrix. In contrast, Fig. 2.9(b) reveals a bimodal distribution of 

precipitates: fine precipitates in the nanometre range (Ḑ 2 nm), along with larger ones 

ranging from 10 to 20 nm, unevenly distributed. Finally, the slowest cooling rate (Fig. 

2.9(c)) results in a much higher density of coarse precipitates (in the range of 15-20 nm), 

which are attributed to the extended time available for their growth during furnace 

cooling. 
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Figure 2.9 Field Emission Scanning Electron Microscope (SEM) micrographs from a C18150 alloy (Cu-

0.75Cr-0.105Zr wt.%) after solution annealing followed by different cooling rates: (a) water quenched, (b) 

furnace cooling (0.8-1.5 °C/s), and (c) out-of-furnace cooling (0.03-0.06 °C/s) [193]. The letters A, K and 

F refer to the name given to each of the treatments studied in the authors' original paper. 
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Two other features can be observed in the FE-SEM micrographs in Figures 2.9: very large 

precipitates, likely formed prior to solution annealing [194] and not fully dissolved in the 

Cu matrix due to insufficient dissolution times (in this case 30 min, as reported in [143]); 

and pits, which are directly related to the specimen preparation process, where precipitate 

ejection left behind characteristic voids [193]. Jha et al. [192Jha] suggested that extending 

the solution treatment to 60 min improves dissolution, as hardness measurements 

decreased from 74 ± 4 HV (30 min) to 60 ± 3 HV (60 min), indicating that the shorter 

treatment did not achieve a supersaturated solid solution. Specimens subjected to the 60 

min treatment, such as that observed in Fig. 2.8, illustrate this condition. This highlights 

the importance of ensuring sufficient dissolution time to fully dissolve the precipitates 

and achieve chemical homogeneity in the material. 

After SA treatment and water quenching, the material is exposed to moderate 

temperatures to promote the precipitation of dissolved Cr. Both the time and temperatures 

of the ageing treatment are determinant parameters in the final microstructure obtained. 

Fig. 2.10(a) illustrates the evolution of YS and UTS from a C18150 alloy (Cu-0.79Cr-

0.11Zr wt.%) as a function of the ageing temperature for different cooling rates [141]. 

Optimal mechanical properties are achieved within the ageing temperature range of 440-

480 °C. Below this range, Cr remains in solid solution within the Cu lattice 

(corresponding to the condition depicted in Fig. 2.8), providing no significant 

strengthening effect. Conversely, at temperatures above this range, overageing occurs 

leading precipitate coarsening with a reduction in their hardening capability. 

Fig. 2.10(b) [195] presents the evolution of hardness (measured in Brinell hardness, HB) 

as a function of ageing time and temperature for the C18150 alloy (Cu-0.81-0.11Zr wt.%). 

At low temperatures (350 °C), no significant strengthening is observed, indicating that 

precipitation hardening does not occur under these conditions. Hardening becomes 

noticeable at ageing temperatures of 400 °C and above, with the maximum hardness of 

approximately 120 HB (Ḑ130 HV) being reached after 140 minutes of ageing at 475 °C. 

Increasing the ageing temperature to 500 °C reduces the time required to reach peak 

hardness, but the maximum achievable hardness decreases due to the onset of overageing. 

At 550 °C, the alloy undergoes significant precipitate coarsening, preventing further 

hardness increase over prolonged holding times. Comparable trends have been 

documented in [192], where the relationship between ageing temperature, time, and 

hardness follows the same pattern observed in Fig. 2.10(b). 

The microstructural effects of overageing are illustrated in Fig. 2.11(a), Fig. 2.11(b), Fig. 

2.11(c), and Fig. 2.11(d), which present Transmission Electron Microscope (TEM) 

micrographs from Edwards et al. [196] showing the evolution of Cr precipitate size in a 

C18150 alloy (Cu-0.73Cr-0.14Zr wt.%) subjected to different thermal treatments. In Fig. 

2.11(a), the material underwent an SAA treatment (ageing at 460 °C for 3 hours), resulting 

in an average precipitate size of 2.2 nm and a precipitate density of approximately 2.6 × 

1023 m-3. In Fig. 2.11(b), an additional annealing step at 600 °C for 1 hour was performed 

on the SAA-treated sample, inducing overageing and leading to an increase in precipitate 

size to 8.7 nm. Under this condition, the initially ultrafine Cr-rich precipitates become 

less numerous and slightly larger, indicating the onset of coalescence where smaller 
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precipitates merge into larger ones, increasing in size while decreasing the overall density 

of precipitates to approximately 1.7 × 1022 m-3. 

 

 

Figure 2.10 Mechanical properties of the C18150 alloy as a function of ageing temperature and ageing 

time: (a) Cu-0.79Cr-0.11Zr (wt.%), variation of YS and UTS for different cooling rates after solution 

annealing treatment [141] ; (b) Cu-0.81Cr-0.11Zr (wt.%), evolution of hardness (measured in Brinell 

hardness, HB) [195]. 

This is consistent with the results reported by Li et al. [140], who observed a fine 

precipitate size of 3 nm with a density of approximately 4.3 × 1022 m-3 after SAA 

treatment in Cu-0.84Cr-0.14Zr (wt.%). Upon overageing, they reported similar 

precipitate size increases (up to 9 nm) accompanied by a reduced density of precipitates 
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to approximately 1.9 × 1022 m-3. Similar values of density of precipitates and sizes were 

reported from a Cu-0.8Cr-0.07Zr wt.% in the SAA condition by Singh et al. [194]. 

 

 

Figure 2.11 Transmission Electron Microscope (TEM) micrographs showing the precipitates obtained 

from a C18150 alloy (Cu-0.73Cr-0.14Zr wt.%)  after different thermal treatments [196]: (a) SAA treatment 

(460 °C for 3 h), resulting in an average precipitate size of 2.2 nm; (b) additional annealing at 600 °C for 

1 h, leading to overageing with precipitates coarsening to 8.7 nm; (c) same annealing condition as (b) but 

showing the presence of significantly larger precipitates (~100 nm) at grain boundaries; (d) prolonged 

annealing at 600 °C for 4 h, where coarsening becomes more pronounced, with an average precipitate size 

of 46.4 nm and some precipitates reaching 100-300 nm at twin boundaries. 

Fig. 2.11(c), corresponds to the same overageing treatment at 600 °C for 1 hour. In 

addition to the fine but coarsened precipitates (Ḑ 9 nm) seen in Fig. 2.11(b), significantly 

larger precipitates (Ḑ 100 nm) are also found at grain boundaries. Finally, precipitate sizes 

obtained after a prolonged annealing treatment at 600 °C for 4 hours, where coarsening 
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is even more pronounced, reach an average size of 46.4 nm. In this condition, some 

precipitates as large as 100-300 nm can be observed at twin boundaries. 

The growth and coalescence of these precipitates play a key role in determining the 

mechanical strength and ductility of the alloy, as evidenced by the tensile behaviour 

showed by these conditions. Fig. 2.12(a) and Fig. 2.12(b) [196] display the notable 

difference in mechanical response, where the label Prime Aged (PA) is used to denote the 

SAA treatment applied to the specimens corresponding to the microstructure in Fig. 

2.11(a). 

Further support for the relationship between ageing temperature, ageing time and the 

mechanical properties obtained is provided by Fig. 2.13, which illustrates the evolution 

of electrical resistivity during a heating and subsequent cooling cycle for a C18150 alloy 

(Cu-0.75Cr-0.105Zr wt.%) in the solution annealed and water quenched condition [143]. 

A significant drop in resistivity is observed between 375-500 °C, indicating the 

progressive formation of Cr precipitates. At the end of this drop, nearly complete 

precipitation occurs and the residual concentration of Cr atoms in the Cu lattice reaches 

a minimum. Beyond this point, a subsequent increase in resistivity is observed, which is 

attributed to the onset of solution annealing and the dissolution of precipitates. 

Fig. 2.14 shows the typical microstructure of a C18150 alloy (Cu-0.84Cr-0.14Zr wt.%) 

under SAA (SA at 980-1000 °C for 30-60 min, water quenched and aged at 460-500 °C 

for 2-4 h) condition [140]. The measured average grain size was approximately 27 µm, 

which is consistent with the values reported by Singh et al. [194] for the same SAA 

treatment. The presence of twins is also observed in the microstructure. According to Fig. 

2.10(a) and Fig. 2.10(b), these processing parameters are optimal for achieving the best 

possible mechanical performance in terms of precipitation strengthening, while 

simultaneously ensuring the highest thermal conductivity performance. 

 

 

Figure 2.12 Tensile stress-strain curves of C18150 alloy (Cu-0.73Cr-0.14Zr wt.%) tested at (a) 323 K and 

(b) 573 K for different ageing conditions [196]. The Prime Aged (PA) condition corresponds to the 

microstructure shown in Fig. 2.11(a), while the overaged conditions (PA + 873 K, 1 h and PA + 873 K, 

4 h) correspond to Fig. 2.11(b) - Fig. 2.11(d), respectively. 
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Figure 2.13 Temperature dependence of electrical resistivity of C18150 alloy (Cu-0.75Cr-0.105Zr wt.%) 

in solution annealed and water quenched condition [143]. The observed drop in resistivity between 375ï

500 °C indicates the progressive precipitation of Cr-rich phases, leading to a decrease in the concentration 

of solute Cr atoms in the Cu lattice. 

 

 

Figure 2.14 Optical micrograph from a C18150 alloy (Cu-0.84Cr-0.14Zr wt.%) under SAA (SA at 980-

1000 °C for 30-60 min, water quenched and aged at 460-500 °C for 2-4 h) condition [140]. 

 



 

59 

The thermal response of C18150 is closely linked to its microstructural state, which, as 

previously discussed, is directly influenced by the applied heat treatments. Achieving an 

optimal combination of strength and thermal conductivity requires precise control of the 

ageing parameters to promote the controlled precipitation of secondary phases while 

minimising the residual solute content in solid solution. This is crucial because solute 

atoms act as electron-scattering centres, reducing the efficiency of thermal transport in 

the alloy [197]. 

Given this strong dependence on microstructure, it is essential to analyse how thermal 

conductivity evolves with temperature. At cryogenic temperatures, electron scattering is 

dominated by the presence of impurities and lattice defects. Hanzelka et al. [198] 

measured the thermal conductivity of a C18150 alloy (Cu-0.71Cr-0.23Zr wt.%) from 5 K 

to RT, observing a continuous increase throughout this interval. This behaviour is 

attributed to the progressive reduction in impurity scattering as temperature rises, 

allowing for more efficient heat transport. 

From RT onwards, thermal conductivity data for C18150 have been reported by various 

experimental sources. Fig. 2.15 compiles values extracted from the interlaboratory study 

conducted by Pintsuk et al. [199], and is divided in two panels. Fig. 2.15(a) shows the 

average curve derived from multiple laboratories involved in that study (labelled as 

ñInterlaboratory comparisonò), along with a second independent dataset compiled by a 

German working group on thermophysical properties (ñArbeitskreis Thermophysikò), 

and the ITER reference curve, which is defined to be representative of both the SAA and 

SAcwA conditions [200]. 

Fig. 2.15(b), in turn, displays the thermal conductivity values calculated from the 

measurements of specific heat and thermal diffusivity performed by five of the 

participating laboratories. The results reveal a significant spread, with two nearly parallel 

levels clearly identifiable (offset by approximately 30 W/m·K) and spanning the entire 

temperature range. These observations underscore the notable variability that exists in the 

reported thermal conductivity of CuCrZr, even under nominally equivalent testing and 

processing conditions. 

As previously discussed in section2.1.2, and as generally described in solid-state physics 

literature [201], heat conduction in metals and copper alloys is dominated by the 

electronic contribution, with the phonon contribution being negligible in comparison. 

However, as temperature increases, electron-phonon interactions become progressively 

more significant, resulting in enhanced scattering. While electronic conduction remains 

the dominant mechanism throughout the relevant temperature range, this additional 

scattering contributes to the gradual degradation of thermal conductivity. 

Nevertheless, as illustrated in Fig. 2.15(b) and discussed above, the available 

experimental data reveal a high degree of variability, which complicates the identification 

of a clear temperature-dependent trend. Above 500 ÁC, a further decrease in thermal 

conductivity is expected due to the onset of precipitate dissolution. This process leads to 

the re-dissolution of solute atoms into the matrix, thereby increasing electron scattering 

and further reducing the efficiency of heat transport. 
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Figure 2.15 Thermal conductivity of the C18150 alloy as a function of temperature, based on the 

interlaboratory study by Pintsuk et al. [199]. (a) Comparison between the average thermal conductivity 

reported by the participating laboratories (ñInterlaboratory comparisonò), the values compiled by the 

German working group on thermophysical properties (ñArbeitskreis Thermophysikò), and the ITER 

reference curve, which is representative of both the SAA and SAcwA conditions. (b) Individual conductivity 

values calculated from specific heat and thermal diffusivity measurements carried out by five of the 

laboratories involved in the study. 

Oxygen as an impurity is a primary concern for the thermal conductivity performance of 

metals. In the case of Cu-based alloy, the Cu-O phase diagram shows that the solubility 

of O in Cu is extremely low even at high temperatures (0.01-0.02 wt.% at the typical 

solution annealing temperature of 950 °C) [202]. As a result, Cu2O precipitates can form 

even with oxygen levels that might otherwise be considered negligible. These disrupt 

electron transport by creating non-metallic inclusions that act as scattering centres, 
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thereby reducing thermal conductivity. Consequently, minimising the oxygen content in 

Cu-Cr-Zr alloys is critical to ensure efficient heat transfer. 

In practice, residual porosity is often introduced during the manufacturing process, and 

this can have a non-negligible impact on thermal conductivity. Since the pores are 

typically filled with air, which is a poor thermal conductor, their presence disrupts the 

heat transport paths within the solid. Several models of varying complexity (some 

incorporating detailed microstructural descriptors) have been proposed to estimate the 

deviation in conductivity relative to an ideal, fully dense material [203]. Experimental 

studies confirm this effect: Ibrahim et al. [204] reported reductions in thermal 

conductivity of up to 5-10% in pure copper samples with low levels of porosity (Ḑ0.5%). 

 

 

2.1.5. Precipitate characteristics and phase stability in CuCr1Zr alloy  

During the early stages of ageing process, a metastable FCC-Cr phase nucleates within 

the Cu matrix, forming finely dispersed and coherent precipitates commonly referred to 

as Guinier-Preston (GP) zones. With prolonged ageing, these precipitates evolve into the 

stable BCC-Cr phase as evidenced by the appearance of new diffraction reflections 

corresponding to the BCC structure in electron diffraction (TEM) and X-ray diffraction 

(XRD) patterns [178, 205]. 

The GP zones exhibit a characteristic Line Of No Contrast (LONC) perpendicular to the 

operating Ὣ ςππ reflection, where the g-vector indicates the magnitude and 

direction of the diffraction in the reciprocal space. This feature is accompanied by a 

distinctive lobe-lobe morphology (also referred to as coffee bean contrast) with a reported 

average size of 2-3 nm, as previously mentioned [194, 196, 206]. Interestingly, when 

observed under STEM imaging conditions and along crystallographic orientations that do 

not enhance strain-related contrast, these zones may resemble dislocation loops rather 

than displaying the typical coffee bean pattern [207, 208]. 

The micrograph presented in Fig. 2.16 [193] corresponds to a Bright Field (BF) TEM 

image, where a diffraction vector Ὣ ππς was used for imaging after SAA treatment 

of Cu-0.75Cr-0.105Zr wt.%. The parameters employed for the SAA treatment were 

within the range for achieving the best mechanical performance, as described in section 

2.1.4. The authors referred to this treatment using the letter óLô, but it corresponds to a 

SAA process. The image clearly reveals the presence of GP zones at the nanoscale. The 

precipitate size is estimated by measuring the LONC length.  When observed along the 

(220)Cu reflection, these metastable precipitates transition from their characteristic lobe-

lobe morphology to a circular appearance [209]. 

However, other studies have reported slightly larger coherent precipitates, with sizes 

approaching 5 or even 10 nm. In line with this, Knights and Wilkes [210] observed that 

Cr precipitates can remain fully coherent with the Cu matrix up to sizes ranging from 5 

to 10 nm. More recently, Liu et al. [188] reported Cr precipitates with an average size of 

10.9 nm, which were still at least semi-coherent with the Cu matrix.  
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Figure 2.16 Bright field (BF) TEM micrograph with g=[002]Cu, showing GP zones in a Cu-0.75Cr-0.105Zr 

(wt.%) alloy after SAA treatment [193]. The characteristics lobe-lobe contrast (coffee-bean) associated 

with the metastable FCC-Cr precipitates are revealed. The treatment applied for this specimen is labelled 

as óLô by the authors, but it corresponds to a SAA process, optimized for achieving the best mechanical 

performance (see section 2.1.4). 

Chbihi et al. [211] also reported fine and coherent FCC-Cr precipitates exhibiting a coffee 

bean contrast in TEM images, although they did not explicitly refer to them as GP zones. 

However, their size, coherency, and distinctive contrast effects strongly suggest they 

correspond to the early-stage precipitates commonly identified as such in other studies. 

In addition, they studied the earliest nucleation stage of these FCC-Cr precipitates through 

Atom Probe Tomography (APT) analyses and thermodynamic calculations. They 

provided an explanation answering why FCC-Cr forms initially instead of the 

thermodynamically stable BCC-Cr phase, showing that its nucleation is energetically 

favoured in the early stages of ageing. 

Furthermore, their APT analyses revealed that these precipitates first appear as spherical 

structures, gradually evolving into ellipsoidal and plate-like morphologies as ageing 

progresses. This morphological transition is accompanied by a structural transformation 

from FCC to BCC-Cr, which occurs as precipitates grow. At this stage, they lose 

coherency with the Cu matrix, and their presence is revealed in TEM images by the 

appearance of Moiré fringe contrast, which arises due to the interference between 

reflections of the BCC-Cr precipitates and the Cu matrix when imaged under the (200)Cu 

reflection [194, 206, 211, 212]. 

Typical High Resolution TEM (HRTEM) micrographs of these precipitates are displayed 

in Fig. 2.17(a) and Fig. 2.17(b), obtained by Fuji et al. [212] from an SAA Cu-0.2Cr 

(wt.%) alloy at 773 K. Different fringe spacing values were reported (1.17 nm and 0.62 

nm, respectively), which were attributed to variations in the orientation relationships 

between the precipitates and the Cu matrix. The (533)f plane of the Cu matrix was 
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identified as a preferred interface for these precipitates, as it is high-index facet plane with 

a high atomic density, which minimises interfacial energy and promotes the stability of 

the precipitate-matrix boundary. 

 

 

 

Figure 2.17 High-resolution TEM (HRTEM) micrographs of Cr-rich precipitates in an SAA Cu-0.2Cr 

(wt.%) alloy at 773 K [212]. The image reveals Moiré fringe contrast due to the interference between 

reflection of the BCC-Cr precipitates and the FCC Cu matrix. Two different fringe spacing values attributed 

to variations in the orientation relationship were observed, with the (533)f facet plane of the Cu matrix as 

the preferred interface: (a) 1.17 nm and (b) 0.62 nm. 

In the case of Zr, its precipitation creating intermetallic phases also contributes to the 

overall mechanical strength, although their influence on precipitation strengthening is 

generally considered secondary compared to that of Cr-rich precipitates. Instead, the 

precipitation of these intermetallic phases at grain boundaries helps control grain and 

improves both fatigue and creep resistance [190, 191]. In addition, Zr enhances the 
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distribution of Cr-rich precipitates [189, 190] and prevents welding-related defects due to 

its high affinity to capture oxygen [103]. 

According to the Cu-Zr phase diagram (Fig. 2.5), and as demonstrated by Zaitsev and 

Zaitseva [213], Cu5Zr is expected to undergo an eutectoid decomposition reaction into 

Cu51Zr14 and (Cu) within the temperature range of 802 K to 955 K. This transformation 

has also been reported by Zhou and Napolitano [214] and supported by thermodynamic 

assessments such as those presented in Liu et al. [215]. However, Okamoto [179] pointed 

out that although Cu51Zr14 is stable at low temperatures, its complex crystal structure 

introduces a negative entropic contribution to the Gibbs free energy, reducing its stability 

as temperature increases. This suggests that Cu5Zr remains the dominant phase at 

intermediate temperatures and confirms previous reported observations [193, 206, 216, 

217]. 

Peng et al. [216] experimentally identified by Selective Area Electron Diffraction 

(SAED) semi-coherent FCC-Cu5Zr as the intermetallic phase in equilibrium with (Cu). It 

is important to note that the alloy composition investigated was Cu-0.12 (wt.%), 

indicating that the optimal ageing times and temperatures reported may differ from those 

required for Cu-Cr-Zr alloys. Their study revealed that FCC-Cu5Zr precipitates 

preferentially nucleate along the {111} habit planes with their morphology depending on 

the specific interface plane: they can adopt a disk-shaped, elliptical or plate-like form. 

The initial stage of precipitation involves the formation of ultrathin Zr-rich clusters, 

which serve as precursors for the subsequent nucleation of Cu5Zr precipitates. The 

HRTEM micrograph of one Zr-rich atomic cluster in the earliest stage of ageing [216] is 

shown in Fig. 2.18(a), while Fig. 2.18(b) illustrates its coarsening after ageing at 723 K 

for 1 hour. The corresponding Fast Fourier Transformations (FFT) patterns, included as 

inset in each figure, confirmed the FCC crystal structure of these Cu5Zr precipitates. At 

longer ageing times, Cu5Zr precipitates continue to grow, as evidenced by Figures 2.19(a) 

and Fig. 2.19(b), but they maintain their characteristic crystal structure, semi-coherency 

and habit planes. 

A similar observation was made by Watanabe et al. [136], who identified Cu5Zr 

precipitates in a Cu-0.5Cr-0.15Zr (wt.%) alloy aged at 500°C. However, while Peng et al. 

[216] identified Cu5Zr as an FCC phase in equilibrium with (Cu), Watanabe et al. [136] 

reported that in a Cu-0.5Cr-0.15Zr (wt.%) alloy, these precipitates exhibit a modified C15 

Laves structure (C15b). This suggests that the structural characteristics of Cu5Zr may be 

influenced by alloy composition and ageing conditions. Given these differences, a careful 

interpretation of the crystallographic nature of Cu5Zr is necessary, as factors such as phase 

transformation kinetics, experimental conditions, or even limitations in diffraction-based 

techniques could affect the identification of its structure. 

Interestingly, Correia et al. [218] also observed Cu5Zr precipitates in a Cu-0.22Zr alloy 

(at.%) after ageing, identifying the presence of Moiré fringe patterns. While the authors 

did not explicitly determine their crystal structure, the observation of these patterns 

suggests that the precipitates exhibit a certain degree of semi-coherency with the Cu 

matrix. This finding aligns with the work of Peng et al. [216], who characterized Cu5Zr 

as a semi-coherent FCC phase, reinforcing the need for careful interpretation of its 

structural features. 
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Figure 2.18 HRTEM micrographs showing the early stages of Cu5Zr precipitation in a Cu-0.12Zr (wt.%) 

alloy [216]: (a) Zr-rich atomic cluster at the initial stage of ageing; (b) coarsening of the Zr atomic cluster 

after ageing at 723 K for 1 hour. The insets show the corresponding Fast Fourier Transformations (FFT), 

confirming the FCC crystal structure of the Cu5Zr precipitates. 

Moreover, Wang et al. [206] reported the presence of Cu4Zr with an orthorhombic 

structure, though this phase has not been widely documented in other investigations of 

Cu-Cr-Zr alloys and may depend on specific ageing conditions. A similar phase was also 

reported by Tang et al. [219], who identified Cu4Zr intergranularly in a Cu-Cr-Zr-Mg 

alloy, forming as discrete particles and thin grain-boundary films, though the presence of 

Mg in their system could have influenced this precipitation behaviour. 
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Nevertheless, thermodynamic calculations (Fig. 2.7(a) and Fig. 2.7(b)) for the Cu-Cr-Zr 

ternary system [185] predict that Cu5Zr, rather than Cu51Zr14, is the stable intermetallic 

phase at lower temperatures. This provides further support for predicting Cu5Zr as the 

predominant ὅόὤὶ phase at ageing temperatures in the CuCr1Zr alloy. 

 

 

 

Figure 2.19 HRTEM micrographs of Cu5Zr precipitates in a Cu-0.12Zr (wt.%) alloy after prolonged ageing 

[216]. The preferential habit plane (111) for nucleation is indicated in (b). 
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2.1.6. The ITER-Grade CuCrZr  alloy 

C18150 (CuCr1Zr) alloy is a well-established and commercially mature Cu-Cr-Zr alloy, 

widely used in high-performance applications requiring a balance between mechanical 

strength, thermal and electrical conductivity and thermal stability [116, 119, 120]. 

However, the nuclear fusion field demands extreme operational conditions, and the 

reliability of heat sink materials is paramount. To ensure the highest level of mechanical 

performance and consistency, a specialized grade of the C18150 allow was defined for 

ITER applications, the so-called ITER-Grade CuCrZr (IG-CuCrZr). The compositional 

tolerances in this grade are further tightened as shown in Table 2.3, according to the ITER 

Material Property Handbook (MPH) and database of CuCrZr [220]. For comparison, the 

table also includes the standard compositional ranges of C18150 alloy. Since IG-CuCrZr 

is a refinement of C18150, the possible phases present are those previously described for 

the base alloy. In both cases, Cr-Zr phases are not expected due to the low Cr/Zr ratio. 

  

Table 2.3 Compositional ranges (wt.%) for the C18150 commercial alloy (CuCr1Zr) and the ITER-Grade 

CuCrZr (IG-CuCrZr) and their maximum allowable impurity levels [220] . (alap = As Low As Possible) 

    

 Composition (wt.%) Impurities (ppm) 

 Cu Cr Zr O H Fe Si Co Cd  P 

CuCr1Zr 
(UNS C18150)  

Bal.  0.5 ï 1.5 
0.05 ï 

0.25 
- - 800 1000 - - - 

IG-CuCrZr Bal. 0.6 ï 0.9 
0.07 ï 

0.15 
25 10 800 1000 10 5 alap 

          
 

 

The Cr and Zr contents are carefully adjusted to maximise the benefits of precipitation 

strengthening. Although the maximum solubility of Cr in Cu is 0.73 wt.% (at the eutectic 

temperature, see section 2.1.3), the Cr maximum content in IG-CuCrZr is set at 0.9 wt.%. 

This slight increase ensures a controlled supersaturation during solution annealing, 

maximising precipitation strengthening while maintaining mechanical stability and 

thermal conductivity. Exceeding this concentration can result in coarse precipitates that 

degrade the materialôs mechanical performance, as detailed in section 2.1.4. On the other 

hand, to ensure a homogeneous distribution of fine Cr-rich precipitates while accounting 

for industrial limitations in controlling chemical compositions, the lower bound is set to 

0.6 wt.%. 

Meanwhile, Zr upper limit is reduced compared to C18150 to mitigate nuclear activation 

concerns in a fusion environment [128]. However, for certain welding applications, a 

slight modification of the composition has proven beneficial, with an increased Zr content 

of 0.1-0.2 wt.% and a restricted Cr range of 0.6-0.8 wt.% [103]. This adjustment enhances 

weldability while maintaining the alloyôs mechanical integrity and thermal performance. 
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The precise control of impurities is also essential in terms of welding quality and 

resistance to embrittlement. Regarding Cd, unusual levels of porosity in CuCrZr welds 

between the lid and the base plate were observed and linked to Cd impurities [221]. The 

recommended maximum value for Cd is below 5 ppm. The maximum O limit of 25 ppm 

differs from the <10 ppm typically specified for Cu-OFHC, which is commonly used in 

welding operations. The difference is due to the presence of Zr and its O getter nature. 

This allows for slightly higher O concentrations without compromising performance 

[220]. However, maintaining a low O content is essential to prevent the formation of 

Cu2O precipitates which could degrade thermal conductivity, as previously discussed. 

Regarding Co, its content is strictly regulated for all in-vessel components of ITER and 

other thermonuclear fusion reactors to minimise the generation of activated corrosion 

products [128, 220]. 

Moreover, the P content must be maintained as low as possible due to its promotion of 

Cr-Zr-P precipitates, which remain stable at typical solution annealing temperatures [151, 

222]. These precipitates reduce the amount of Cr and Zr available for precipitation 

hardening, potentially compromising the mechanical performance of the alloy. 

The heat treatment procedures defined for IG-CuCrZr largely follow those established for 

C18150, as described in section 2.1.4 and the ITER MPH and database of CuCrZr [102]. 

The primary treatment (SAA) consists of solution annealing (980 °C, 60 min), water 

quenching, and ageing (475 °C, 3 h), with the optimised temperatures and times 

determined to ensure the controlled precipitation of Cr and Zr-rich phases, which 

enhances mechanical strength and maintains high thermal conductivity. However, in the 

context of ITER and DEMO, designed requirements dictate the joining of IG-CuCrZr 

parts with other structural and plasma-facing materials, which is often achieved through 

solid-state diffusion bonding, particularly Hot Isostatic Pressing (HIP) [223, 224]. This 

process introduces an additional thermal exposure that alters the microstructure 

developed through the initial heat treatments and may have a detrimental effect on the 

integrity or service life of the components. 

For instance, Li et al. [140] explored the effect of additional thermal exposure on CuCrZr 

in the SAA condition. They subjected SAA-CuCrZr to a sequence known as SCA 

(Solution annealing + HIP + ageing) [102], which includes a HIP treatment (1040 °C, 140 

MPa, 2 h), followed by solution annealing (980 °C, 30 min) with a slow cooling rate (50-

80 °C/min) between 980 °C and 500 °C, and finally a 560 °C ageing treatment for 2 h. 

The HIP at 1040 °C simulated the joining process between CuCrZr and the structural 

material stainless steel 316L(N), while the 560 °C/2 h ageing treatment simulated the HIP 

process for joining CuCrZr with beryllium (it should be noted that beryllium is no longer 

be used, shifting towards a full tungsten divertor configuration as detailed in section 

1.2.6).  

The microstructure obtained after this specific heat treatment, designed to replicate the 

component assembly process, is presented in Fig. 2.20. The micrograph reveals a 

substantial grain growth, with grain sizes exceeding 500 µm, compared to the ~30 µm 

values observed in the SAA condition (see Fig. 2.14). Regarding precipitates, as 

previously discussed in the description of Fig. 2.11, the Cr-rich precipitates coarsen 

significantly, increasing in size from approximately 3 nm up to 9 nm, while their density 
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decreases. These results illustrate the effects of overageing in CuCrZr, highlighting the 

potential implications on its microstructural stability and mechanical performance. 

 

 

 

Figure 2.20  Optical micrograph from a C18150 alloy (Cu-0.84Cr-0.14Zr wt.%, ITER-Grade) showing the 

microstructure after a heat treatment sequence designed to simulate the assembly process of ITER 

components. The material was initially  in the SAA condition and subsequently subjected to HIP at 1040 °C 

for 2h (140 MPa), solution annealing at 980 °C for 30 min, followed by slow cooling rate (50-80 °C/min) 

between 980 °C and 500 °C, and final ageing at 560 °C for 2 h [140]. 

 

Therefore, it can be assumed that joining processes such as welding, HIP, and brazing 

can significantly compromise both the mechanical performance and thermal conductivity 

of IG-CuCrZr. The additional thermal exposure associated with these techniques leads to 

grain coarsening and precipitate coalescence, reducing the effectiveness of precipitation 

strengthening and potentially degrading heat dissipation properties. Thus, careful 

consideration of post-joining heat treatments is essential to mitigate these effects and 

ensure the long-term reliability of IG-CuCrZr components in fusion reactor applications. 

Nevertheless, even in an overageing condition, IG-CuCrZr has demonstrated sufficiently 

high UTS for structural applications in ITER HHF components, as confirmed by 

structural analyses and prototype testing [142]. While overageing does impact mechanical 

performance, the resulting properties remain within acceptable limits for ITER operation. 

Fig. 2.21 compares the recommended minimum tensile properties (Su,min) and yield 

strength (Sy,min) of IG-CuCrZr in the overaged condition with those of the alloy in the 

SAA condition. 
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Figure 2.21 Comparison of the recommended minimum ultimate tensile strength (UTS, Su,min) and yield 

strength (YS, Sy,min) for IG-CuCrZr in the overaged condition versus the solution annealed and aged (SAA) 

condition [142]. 

An alternative heat treatment strategy to further enhance the mechanical properties of IG-

CuCrZr is the SAcwA (Solution annealing + cold work + ageing) treatment [147], which 

introduces a cold working step (40ï70%) while the material is in the solution annealed 

state. This process combines precipitation strengthening, characteristic of CuCrZr alloys, 

with deformation hardening. The plastic deformation refines the microstructure and 

increases dislocation density, providing additional strengthening before the final ageing 

treatment at the optimal temperature of 475°C for approximately 3 hours. As expected, 

the mechanical properties achieved with this process are superior to those of both the 

SAA and SCA conditions, as will be detailed later in this section. 

Currently, the manufacturing process of HHF divertor targets for ITER and DEMO 

includes an additional Hot Radial Pressing (HRP) step at 600 ºC for 2 hours, following 

the SAcwA treatment, to join the CuCrZr heat sink pipe to the W monoblock through a 

cast OFHC-Cu interlayer [99]. Fig. 1.16(a) and Fig. 1.16(b) show the two reference 

designs established as standards for DEMO and ITER, respectively [99]. The HRP 

process is carried out under vacuum by applying an internal pressure of 50 MPa using 

argon gas inside the CuCrZr pipe. As has been emphasised earlier, this additional post-

build treatment can induce microstructural changes in the CuCrZr heat sink, which has 

led to the implementation of a CuCrZr testing programme that includes a dedicated post-

build heat treatment designed to simulate the materialôs microstructure after SAcwA + 

HRP. 

Internal EUROfusion activities determined that the CuCrZr plates employed in this 

testing campaign required an additional heat treatment at 580 ºC for 2 hours, as this 
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condition applied to a CuCrZr plate was found to better emulate the mechanical response 

of a CuCrZr pipe after the HRP joining [225]. At present, validation and qualification of 

CuCrZr ï through fatigue, creep, fracture toughness and tensile testing ï are being carried 

out on material subjected to this SAcwA + 580 ºC condition, in order to closely reproduce 

the actual operational state of the material. 

During the ITER Engineering Design Activity, an extensive database of IG-CuCrZr alloy 

properties was compiled. Particular emphasis was placed on ensuring the quality and 

traceability of the data, including detailed information about test conditions, data sources, 

and other relevant parameters. The data assessment followed the procedures outlined in 

the ITER Structural Design Criteria for In-Vessel Components (SDC-IC) [226]. 

According to these criteria, the minimum value of a material property is defined as the 

lower bound within a 95% confidence interval, ensuring that 97.5% of the population 

exceeds this minimum value. 

The MPH of IG-CuCrZr compiled design curves that illustrate the relationships between 

material properties and testing temperatures for IG-CuCrZr subjected to typical heat 

treatments. In order to mitigate the influence of differences associated to material 

processing or testing conditions in different laboratories, and to guarantee the reliability 

of these curves, the selected literature was rigorously evaluated to fill in any missing 

details and verify the validity of the results. Compliance with international testing 

standards such as ASTM standards was also ensured. This process involved gathering and 

reassessing the data to propose average curves that reflect consistent mechanical and 

physical properties, while minimum design curves were established by applying a margin 

of 1.96 times the standard deviation, in accordance with the ITER SDC-IC [226], ensuring 

a 95% confidence level. 

Fig. 2.22 to 2.25 show datasets ill ustrating the relationships between tensile properties 

and temperature for CuCrZr subjected to typical heat treatments [111, 140, 141,  144-155, 

227].  Specifically, Fig. 2.22 shows the variation of YS, Fig. 2.23 presents the UTS, Fig. 

2.24 displays the elastic modulus (E), and Fig. 2.25 illustrates the elongation capacity, 

distinguishing between uniform elongation (UE, measured at UTS) and total elongation 

(TE, measured at fracture). These graphs have been retrieved from Ref. [102], but the 

corresponding specific reference for each data point is properly indicated. 

In addition, Table 2.4 summarizes the ITER mechanical requirements for CuCrZr as 

outlined in Appendix A to the ITER SDC-IC [228], considering any degradation due to 

manufacturing thermal cycles during reactor assembly. The table also includes the 

average and minimum tensile properties for both the SAA and SAcwA conditions. 

Furthermore, hardness recommendation for ITER [229] are provided in the last row of 

the table to offer a broader perspective on the materialôs mechanical behaviour. These 

data collectively offer a detailed overview of the material's behaviour under varying 

conditions. 
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Figure 2.22 Yield strength (YS) of IG-CuCrZr as a function of temperature, as reported in the ITER MPH 

of CuCrZr [102]. Data points compiled from Refs. [140, 141, 144-147]. 

 

 

Figure 2.23 Ultimate Tensile Strength (UTS) of IG-CuCrZr as a function of temperature, as reported in 

the ITER MPH of CuCrZr [102]. Data points compiled from Refs. [140, 141, 146, 147, 227]. 
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Figure 2.24 Elastic modulus (E) of IG-CuCrZr as a function of temperature, as reported in the ITER MPH 

of CuCrZr [102]. Data points compiled from Refs. [111 148, 149, 151-153] . 

 

 

Figure 2.25 Elongation capacity of IG-CuCrZr as a function of temperature, as reported in the ITER MPH 

of CuCrZr [102] . The graph distinguishes between uniform elongation (at UTS) and total elongation (at 

fracture). Data points compiled from Refs. [140, 146, 152, 154, 155] . 
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Table 2.4 ITER-oriented minimum properties (ITER requirements) for IG-CuCrZr. Additionally, the 

average properties for SAA (Solution Annealed and Aged condition) CuCrZr, and the minimum properties 

for SAcwA (Solution Annealed, cold worked and Aged condition) CuCrZr are provided [228]. The elastic 

modulus values and hardness values [229]  are also included (NR: Not Reported). 

 ITER requirements 
SAA CuCrZr 

(average values) 

SAcwA CuCrZr 

(minimum values) 

 20 °C 250 °C 350 °C 20 °C 250 °C 350 °C 20 °C 250 °C 350 °C 

UTS 

(MPa) 
280 220 194 405 315 274 452 342 307 

YS 

(MPa) 
175 150 139 287 244 217 407 331 294 

UE (%) NR NR NR 18.4 13.7 13.2 5.9 1.1 0 

TE (%) NR NR NR 27.0 21.0 23.0 10.0 1.1 0 

E (GPa) NR NR NR 125 117 110 127 115 110 

HV0.5iii  126 - - - - - - - - 

          

i. The elastic modulus values are referenced to the ITER MPH of CuCrZr [102]. 

ii . Hardness value recommendation for IG-CuCrZr is referenced to [229]. 

 

The properties listed in Table 2.4 are provided for 20, 250 and 350 °C, as these 

temperatures represent the operational range for IG-CuCrZr [108] (see section 1.2.6). 

Given the conservative design criteria of ITER, it is expected that the tensile property 

requirements are met under both the SAA and SAcwA conditions. Cold working 

increases both YS and UTS by approximately 100 MPa, making it particularly suitable 

for more demanding applications. However, this improvement comes at the expense of 

ductility, as reflected by the uniform and total elongations. 

On the other hand, alternative heat treatments such as SCA lead to significantly different 

mechanical properties. Fig. 2.22 and Fig. 2.23 highlight the case of SCA specimens (green 

data points), reported by Li et al. [140], showing that their tensile properties fall below 

the recommended minimum values defined for SAA and SAcwA. This degradation in 

mechanical performance is directly linked to the non-optimised processing conditions, 

which induce significant microstructural changes. 

The microstructure of the SCA condition, previously shown in Fig. 2.20, exhibits 

excessive grain growth. Regarding the precipitate distribution, it closely resembles the 

overaged condition presented in Fig. 2.11(b). In this case, Cr-rich precipitates grow to an 

average size of approximately 9 nm, exceeding the optimal range of 2ï3 nm observed in 

Fig. 2.11(a). The latter corresponds to the SAA treatment with optimised parameters, as 

detailed in section 1.2.4, which ensures the highest mechanical strength and thermal 

conductivity. 
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The elastic modulus for IG-CuCrZr in both the SAA and SAcwA conditions is shown in 

Fig. 2.24 and listed in Table 2.4. However, the literature does not specify the method used 

to determine this property. In the absence of this information, it is assumed that E was 

derived directly from the slope of the tensile stress-strain curves. While a dynamic 

method, based on sonic measurements, is typically preferred for obtaining reliable values 

of the elastic modulus, the data presented here are based on the available publications and 

reports. 

Alongside tensile properties, hardness is a key parameter for assessing the performance 

of age-hardened materials. It offers a straightforward method to estimate mechanical 

strength, as it is directly correlated with yield strength [230], and serves as a fast indicator 

of the quality of precipitates within the alloy (in terms of size and particle density). For 

ITER applications, the recommended hardness value of 126 HV [229] reflects the 

combined influence of factors such as the distribution and size of Cr-rich precipitates, 

grain structure, dislocation density, and the absence of coarse phases or inclusions. 

As illustrated in Fig. 2.10(a) and Fig. 2.10(b), ageing within the range 440-480 °C yields 

the best tensile properties by achieving a nearly complete precipitation while minimising 

the residual Cr and Zr concentration in solid solution. In particular, ageing at 475 °C for 

3 h in an inert atmosphere followed by furnace cooling produces a material with hardness 

values ranging from 120 to 140 HV [143]. Under this condition, characterized by the 

depletion of Cr and Zr from the Cu lattice, the material exhibits high mechanical strength 

and high thermal conductivity, making it optimal for fusion applications. Combination 

with deformation hardening in the SAcwA condition further enhances the mechanical 

performance of the alloy for more demanding applications. 

 

 

2.1.7. DEMO: Perspectives on High Heat Flux materials 

While optimised heat treatments can enhance the mechanical strength and thermal 

conductivity of CuCrZr, it has been thoroughly detailed how conventional thermo-

mechanical processing imposes intrinsic limitations on microstructural control. The high-

performance properties achieved through these treatments may degrade during reactor 

assembly due to the available joining techniques. Moreover, the dislocation strengthening 

provided in the SAcwA condition is typically lost during short-term annealing of Cu-

based alloys at temperatures above 300-400 °C due to dislocation recovery and 

recrystallization processes [231]. 

The challenge represents a major limitation in the actual construction of ITER 

components, where maintaining the microstructural integrity of CuCrZr during joining 

processes is a well-recognised concern [232]. For instance, the joining of large 

components via HIP processing may impose slow cooling rates that can alter the 

microstructure and affect the material's performance. This is the case for FW panels, 

where their larger size leads to slower cooling rates during HIP joining. In contrast, 
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smaller divertor modules can be cooled more rapidly using gas, making them less 

susceptible to microstructural alterations [125]. 

In addition, the issue of weld-related defects in CuCrZr has been known for a long time 

[233], with repeated occurrence of hot cracking during electron beam welding (EBW) of 

CuCrZr. Even with meticulous tuning of EBW parameters, mechanical performance is 

usually inferior to that of the base metal, with all tensile-tested samples failing in the 

fusion zone and exhibiting reduced strength and ductility [234]. More recent work [235] 

presents the challenges encountered when assembling the CuCrZr-based Neutraliser and 

Residual Ion Dump (RID) components for ITER. Full-penetration EBW was applied 

under controlled and highly optimised processing conditions, yet the presence of 

microcracks at the centre of the weld seam could not be avoided, as shown in Fig. 2.26(a) 

and Fig. 2.26(b) [235]. 

 

 

 

 

Figure 2.26 Images from Joshi et al. [235] illustrating typical welding-related defects observed in CuCrZr 

components fabricated for ITER: (a) Cross-sectional micrograph of the electron beam weld between the 

Neutraliser base plate and its plug-tube, revealing microcracks originating at the centre of the fusion zone. 

(b) Radiographic image of a typical C-shaped connector from the Residual Ion Dump (RID), showing 

internal defects aligned along the weld seam. 

 

As previously discussed, Hot Radial Pressing (HRP) is the reference method currently 

foreseen for the fabrication of HHF divertor monoblocks, enabling the joining of W 

armour blocks to CuCrZr cooling pipes via a cast OFHC-Cu interlayer (Fig. 1.15). In a 

recent study, You et al. [236] manufactured a small-scale divertor mock-up by joining 

four tungsten blocks to a CuCrZr cooling pipe using HRP at 580 ÁC, with a thin (0.1 mm) 

soft OFHC-Cu interlayer to accommodate thermal strain mismatch. Initial neutron 

diffraction measurements revealed low residual stresses throughout the component. 
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However, after cyclic HHF testing at 20 MW/m-2 in the GLADIS (Garching LArge 

DIvertor Sample test facility, at IPP Garching, Germany) facility, significant stress build-

up was observed in the tungsten armour block, with compressive stresses reaching 

800 MPa near the interlayer. In addition, ultrasonic testing detected localized debonding 

at the interface edges, where stress concentration is expected. 

Taken together, these findings from different joining approaches ï whether HIP, EBW, 

or HRP ï demonstrate that joining-induced degradation in CuCrZr is not an isolated 

concern, but a persistent and unresolved issue in current fusion component 

manufacturing. The fact that such issues are already present in ITER underscores the need 

for improved joining strategies capable of ensuring long-term structural integrity in future 

fusion reactors such as DEMO. 

Regarding the neutron irradiation effects, section 1.2.6 details the extreme dose levels 

experienced by materials in DEMO and subsequent fusion reactors (Fig. 1.11). This 

exposure will inevitably lead to multiple well-documented effects. In particular, 

irradiation at temperatures below 275 °C induces significant changes in materials 

properties, with the most critical being a severe loss of ductility. Even at relatively low 

doses (up to 1.5 dpa), uniform elongation decreases from 15ï20% in the unirradiated state 

to <1% after irradiation at approximately 80 ºC [140, 146]. This phenomenon is clearly 

observed in the tensile graph provided by Li et al. [140] and shown in Fig. 2.27, which 

shows several tensile curves of CuCrZr specimens in the SAA condition: unirradiated 

(specimen ñ1ò), irradiated to 0.14 dpa (specimens ñCZ7ò and ñCZ8ò), and irradiated to 

1.5 dpa (specimens ñCZ3ò and ñCZ4ò). 

 

 

Figure 2.27 Engineering stress-strain curves of CuCrZr specimens in the SAA condition and irradiated to 

different damage levels (0.14 and 1.5 dpa) at approximately 80 ºC [140]. 
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Remarkably, this drastic reduction in ductility is not accompanied by a loss in fracture 

toughness, which remains above 100 MPa·m1/2. In addition, the steady-state volumetric 

swelling rate in irradiated pure Cu is 0ͯ.5%/dpa, and the observed void swelling shown 

by CuCrZr in fission neutron irradiated specimens is considered acceptable for moderate 

dose DEMO applications [231]. 

Interestingly, Edwards et al. [196] reported mitigated low-temperature irradiation-

induced embrittlement when relatively larger precipitates are obtained. The deformation 

mechanism of these precipitates is controlled by the Orowan mechanism, as they can no 

longer be sheared by gliding dislocations. Consequently, the creation of Orowan loops as 

dislocations bypass these precipitates can promote dislocation multiplication. In other 

words, the material's work-hardening capacity increases due to the greater availability of 

newly generated dislocations [237-239]. 

Another concern for irradiated HHF materials in DEMO is the degradation of thermal 

conductivity [231, 240-243]. This phenomenon is primarily attributed to the formation of 

voids and transmutation-induced solutes, which increase electron scattering and reduce 

thermal transport efficiency. Additionally, the accumulation of transmutation elements 

introduces new challenges in terms of radiological activation, requiring careful 

management in reactor operation and maintenance [244]. Some of these can suppose 

concerns in the case of accidents such as coolant leaks (62Cu and 64Cu isotopes, with 

relatively short half-lifes values of 9.7 minutes and 12.7 days, respectively, and 60Co, with 

a half-life value of 5.27 years), while 63Ni must significantly considered in the waste 

disposal and recycling of reactor components with a half-life time of 100 years. 

Given the severe loss of ductility observed in CuCrZr under neutron irradiation at 

temperatures below 275 °C, DEMO components made from this alloy may need to 

operate at higher temperatures to mitigate embrittlement. However, due to their high 

atomic diffusivity, Cu- based alloys are inherently prone to thermal creep [245]. In 

particular creep becomes a concern above πͯȢυὝ  ( 5ͯ40 °C), where Ὕ  is the melting 

temperature of Cu, making long-term structural stability a critical issue. In fact, 

experimental data indicate that the onset of creep deformation in Cu-based alloys occurs 

at temperatures as low as 300-400 °C during tensile tests at strain rates of 10-3 s-1 [125]. 

For engineering relevant strain rates (<10-9 s-1), this threshold temperature would be even 

lower. 

The creep behaviour of CuCrZr was characterized by Preston et al. [246], who performed 

constant load creep tests in an inert atmosphere at 300°C, applying stresses between 115 

and 275 MPa. The results, presented in Fig. 2.28, show that CuCrZr exhibits measurable 

creep deformation within engineering-relevant stress levels, with failure times ranging 

from 100 to over 10,000 hours depending on the applied stress. Additionally, creep-

fatigue tests conducted under force-controlled cycling revealed a substantial reduction in 

lifetime when hold times were introduced at peak tensile stress. The figure also includes 

data for GlidCop Al-25, showing that CuCrZr exhibits superior creep resistance across 

the entire stress range. 
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Figure 2.28 Creep rupture life of CuCrZr and GlidCop Al-25 as a function of applied stress at 300 °C 

[246]. 

Unlike other high-temperature degradation mechanisms, this softening of CuCrZr is not 

linked to precipitation coarsening, as precipitates remain relatively stable at the 

temperatures where the onset of creep softening is observed [231]. Instead, this 

phenomenon is attributed to the increased mobility of vacancies and dislocations, 

particularly dislocation climbing, which activates dislocation creep and grain boundary 

sliding mechanisms [245]. Consequently, strategies to enhance creep resistance in Cu-

based alloys focus on inhibiting grain boundary sliding through the incorporation of 

relatively large precipitates at grain boundaries [247, 248-250]. 

Therefore, an optimised microstructural design to achieve high mechanical strength, high 

thermal conductivity, good fracture toughness, radiation resistance, and improved creep 

strength could be based on a bimodal precipitate distribution [125, 247-250]. This 

approach would involve a moderate density of grain boundary particles (Ḑ50 nm) 

combined with a high density of fine-scale matrix precipitates (Ḑ10 nm), balancing 

conventional precipitation hardening, resistance to radiation-induced embrittlement 

[196], and additional improved creep strength. Notably, the fine-scale matrix particles 

also contribute to radiation resistance by facilitating the recombination of neutron 

irradiation-induced vacancies and interstitials [249]. 

Anyway, the challenges associated with HHF materials in DEMO require the search of 

alternative and improved approaches, both in terms of developing novel Cu-based 

materials and exploring advanced manufacturing methods that allow obtaining tailored 

materials. Among the materials being investigated, ODS Cu-based have been considered 

due to their enhanced creep resistance and thermal stability. However, their application 

remains challenging in terms of processing and joining methods. 
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Conventional joining technologies such as fusion welding and electron beam welding 

cannot be used due to the high heat input during the welding process, which leads to 

degradation of the strengthening characteristics of the ODS Cu parent metal and a 

reduction in the mechanical properties of welded joints [251]. Furthermore, diffusion 

welding has not yielded reliable results, limiting its applicability for structural 

components [251]. To overcome these challenges, alternative solid-state joining 

techniques with the capacity of preserve the microstructural integrity are being explored, 

such as friction stir welding (FSW) [252, 253] and explosive welding (although this one 

is limited to plate geometries) [251]. 

Rather than merely adapting existing materials and joining techniques to meet extreme 

demands of DEMO, an alternative approach is to rethink material fabrication itself. 

Additive Manufacturing (AM) has gained increased attention in the recent years as an 

advanced manufacturing method with multiple benefits. The production of complex 

geometries and net shape parts is undeniable attractive when manufacturing high heat 

flux and heat exchange devices. Moreover, AM techniques such as Powder Bed Fusion 

introduce unprecedented methodologies that provide numerous advantages in the case in 

point. Given these promising capabilities, AM has been proposed as an alternative method 

for the fabrication of various components and materials used in nuclear fusion reactors 

[125]. The next section of this state-of-the-art will delve into the potential of AM for 

developing Cu-based alloys for demanding fusion reactor applications. 

In this context, AM emerges not only as a promising technique for shaping complex forms 

but also for its potential to refine and retain fine precipitate distributions (only for certain 

powder bed fusion variants such as electron beam powder bed fusion). The very nature 

of the additive manufacturing process, which involves rapid melting and solidification of 

the material, helps to preserve a fine dispersion of precipitates. This is particularly 

advantageous as printed materials can exhibit excellent mechanical properties directly in 

their as-built state, without the need for additional heat treatments that could compromise 

the desired microstructure. This aspect will be explored in detail in the following sections, 

where we will discuss the specific advantages and challenges associated with additive 

manufacturing of Cu-Cr-Zr alloys for applications in extreme environments such as those 

found in fusion reactors. 

 

 

2.2. Additive manufacturing  (AM)  

The development of high-performance materials capable of withstanding the extreme 

thermal and mechanical loads expected in DEMO is one of the key challenges in fusion 

reactor design. As previously discussed in section 2.1.7, conventional fabrication routes 

for precipitation-strengthened Cu-based alloys such as IG-CuCrZr pose significant 

limitations in terms of thermal stability, microstructural tailoring and joining constraints. 

These drawbacks are particularly critical in the case of HHF components, where 

geometrical constraints and thermal management requirements demand not only 

materials with high thermal and mechanical performance, but also design flexibility. In 
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this context, Additive Manufacturing (AM) emerges as a promising alternative to rethink 

both the fabrication and the performance of structural and functional materials for fusion 

reactors. 

According to ISO/ASTM 52900:2015 [254] standard (latest revision in 2021 [255]), AM 

refers to the process of joining materials to make parts from 3D model data, usually layer 

upon layer, as opposed to subtractive manufacturing technologies. This terminology was 

formally adopted following the increasing use of AM technologies across various 

engineering disciplines, prompting the collaboration between ISO and ASTM 

organizations to establish a unified framework and vocabulary. 

One of the defining features of AM is its ability to fabricate parts with highly complex 

geometries that would be difficult ï or in some cases impossible ï to achieve through 

conventional methods. This increased design freedom is particularly advantageous for 

components with intricate internal structures, conformal cooling channels, or non-

standard topologies, which are often required in advanced thermal management systems. 

A notable example of this geometric potential is the combination of AM with topology 

optimization techniques, which has been successfully applied in aerospace engineering to 

produce components that are both lighter and mechanically more efficient [256, 257]. 

Readers interested in specific applications are referred to [256], where several case studies 

illustrate this synergy. 

Over the years, AM has reached a high level of maturity, driven by its adoption and 

continuous development within engineering domains where performance, reliability, and 

design flexibility are critical. Sectors such as aerospace [258, 259], biomedical [260], and 

automotive [261, 262] have played a key role in pushing the boundaries of AM, taking 

advantage of its capabilities to fabricate lightweight components, patient-specific 

implants, and custom or low-volume parts with complex geometries. This industrial 

consolidation is reflected in the AM industryôs continued economic growth: according to 

the Wohlers report 2025 [263] (published by Wohlers Associates in collaboration with 

ASTM International), the global AM market was valued at $21.9 billion in 2024, 

representing a 9.1% increase from the previous year. 

The nuclear fusion field has also paid increasing attention to the anticipated potential of 

AM, with initiatives led by the EUROfusion Consortium and the wider international 

fusion community to explore the development of fusion-relevant materials using a range 

of AM techniques [264-271]. Notably, ten years ago, S.J. Zinkle [125] proposed the use 

of AM for the processing of precipitation-hardened alloys, aiming not only to exploit its 

geometric freedom and integration benefits, but also to achieve tailored or even improved 

microstructures for moderate-temperature fusion applications. This early vision 

anticipated many of the challenges that fusion materials research faces today, and 

highlighted AM as a transformative tool not just for fabrication, but also for 

microstructural engineering. 
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2.2.1. Drivers and context for the use of AM in fusion materials and components 

AM offers a set of inherent advantages that make it particularly attractive for engineering 

applications involving thermal management, structural complexity, or material 

efficiency. These include the ability to fabricate net shape parts with complex internal 

features, reduce the number of joining operations, minimise material waste, and promote 

sustainable design through circular manufacturing strategies. Such capabilities have 

driven the interest in AM across a wide range of industries, as previously mentioned. 

An often-overlooked advantage of AM relates to its potential contribution to the 

sustainable design of nuclear components. AM is already recognized for its role in 

sustainability, particularly through enabling circular design strategies that extend lifespan 

by facilitating repairs and upgrades, even for items not originally designed with 

adaptability in mind [272, 273]. In the nuclear sector, where a large inventory of spare 

parts is essential, AM offers the capability to rapidly produce components on demand, 

provided that a well-maintained stock of pre-alloyed powders for the relevant reactor 

materials is available. 

Another key motivation for exploring AM in the context of fusion lies in addressing the 

long-standing challenges associated with joining techniques ï such as welding, HIP, or 

HRP ï especially when dealing with intricate geometries. The ability to directly fabricate 

complex net-shape parts offers a clear benefit when compared to conventional 

manufacturing routes, where such designs often require multiple bonded pieces and may 

lead to issues like those illustrated in Fig. 2.26(a) and Fig. 2.26(b). This is particularly 

relevant for the production of advanced HHF components (i.e., heat exchangers), where 

the internal cooling channels are not only difficult to machine, but increasingly so as the 

geometry becomes more complex. AM allows for these channels to be integrated directly 

during fabrication [274-276]. 

Overall, AM allows for greater efficiency in the utilisation of raw materials, reducing the 

need for extensive machining and minimising material waste. In heat management 

systems, reductions of both volume and mass by more than 50% have already been 

achieved through the fabrication of compact components with embedded cooling 

channels [277]. Even small improvements in thermal management efficiency can have a 

substantial impact on the performance and reliability of complex systems. For instance, 

in electric vehicles, better heat control contributes to enhanced motor and battery 

performance, improved electronics reliability, and overall safety [278]. 

HHF components are typically composed of different materials, each fulfilling specific 

roles in terms of thermal management, structural integrity, or plasma interaction. As 

outlined in section 1.2.6, candidate materials include RAFM steels for structural support, 

precipitation-hardened Cu-based alloys such as IG-CuCrZr for efficient heat extraction, 

and W as the primary plasma facing material due to its high melting point and low 

sputtering yield. 

The fabrication of net-shape parts using materials such as IG-CuCrZr or RAFM steels 

directly benefits from the high geometrical freedom enabled by AM, significantly 

reducing the need for joining operations ï thereby lowering the risk of mechanical failure 

[264, 265]. On the other hand, the use of AM for W-based plasma facing materials is 
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particularly attractive due to the intrinsic challenges associated with its conventional 

processing. W is extremely hard and brittle, which makes mechanical machining, such as 

milling and turning, both difficult and time-consuming. Moreover, traditional fabrication 

methods such as casting often lead to hot cracking during solidification and the formation 

of porosity in the final part [266-269]. 

Beyond the advantages related to joining reduction, the geometrical flexibility offered by 

AM is particularly beneficial in applications involving advanced thermal management. In 

such contexts, heat exchangers are a key component class, where design complexity is 

often essential to maximise performance. Studies on heat exchangers generally fall into 

two main categories: the first explores integrated configurations such as cross-flow and 

parallel-flow exchangers, microchannel networks, and other structured layouts; the 

second investigates discrete design elements intended to enhance heat transfer, including 

pin-fins, dimples, ribs, protrusions, metal-foam inserts, helical or twisted tape inserts, and 

vortex generators [279-285]. Importantly, AM facilitates the fabrication of these intricate 

features and naturally enables structures with high surface-to-volume ratios, which are 

key to improving heat transfer efficiency in compact systems. 

Several studies across different engineering sectors have demonstrated the potential of 

AM to significantly enhance thermal management through the use of complex, tailored 

geometries. For instance, Arie et al. [286] reported heat transfer improvements of 25-30% 

when replacing conventional plate heat exchangers with AM designs incorporating 

embedded channels. In a different application, Aris et al. [287] achieved up to 90% 

increase in heat transfer in AM-fabricated micro-scale heat exchangers using shape 

memory alloy (TiNi), highlighting the advantages of fine internal features and high 

surface-to-volume ratios. 

Moreover, the design freedom enabled by AM opens new possibilities for highly 

demanding heat management scenarios, such as high-efficiency heat sinks and injection 

moulds with stringent thermal requirements. In such applications, AM allows for the 

integration of complex internal cooling pathways while eliminating the need for joining 

operations [288, 289]. These gains are particularly relevant in the context of compact or 

weight-constrained systems, such as those encountered in high-performance electronics, 

aerospace, or fusion energy devices. 

While the design of such complex geometries lies beyond the scope of the present work, 

the previously discussed examples highlight the type of challenges that AM is positioned 

to address, and exemplify the rationale behind its use in the present study. A selection of 

example components manufactured using different AM techniques is included in 

Fig. 2.29, illustrating the design possibilities currently explored in the field of advanced 

heat exchangers [290-295]. 
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Figure 2.29 Examples of additively manufactured components for advanced heat exchanger applications, 

illustrating the diversity of materials, AM techniques, and design strategies explored in recent literature: 

(a) Thin-fin heat sink of W-Cu [290; (b) Air-cooled AlSi10Mg heat exchanger integrated within the nacelle 

of a high altitude solar-electric aircraft [291] ; (c) Topology-optimised carbon steel lattice structure for 

liquid cooling [292]; (d) Compact cross-flow heat exchanger core in AISI 316L stainless steel [293]; (e) 

Various sheet gyroid-based AlSi10Mg heat exchanger samples, offering high surface-to-volume ratios and 

continuous, interconnected flow paths [294]; (f) Ultra -compact tube-in-tube AlSi10Mg heat exchanger 

optimised via genetic algorithm [295]. 

As discussed in section 1.2.6, the current HHF target concept considered for DEMO is 

based on W monoblocks with internally swirled CuCrZr pipes, a similar design to that 

adopted in ITER, with the main difference being the reduced armour dimensions (Fig. 

1.15, target concept for ITER; and Fig. 1.16(a), target concept for DEMO) [95]. However, 
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alternative cooling architectures with enhanced thermal management performance are 

also under consideration, including legacy designs such as the hypervapotron, which has 

regained attention for potential use in the Enhanced Heat Flux First Wall (EHF FW) 

panels and Divertor Dome Plasma-Facing Units. 

Originally derived from klystron tube cooling systems [296], the hypervapotron was later 

adapted for ITER PFCs [112]. Its design incorporates transverse slot-like fins that 

enhance subcooled boiling and enable the removal of heat fluxes exceeding 25 MW/m2 

under reactor-relevant conditions [297]. However, its thermal performance has proven to 

be highly sensitive to the quality of the bonding interfaces, with poor joints leading to 

significant degradation under cyclic thermal loads [298]. To illustrate this concept, 

Fig. 2.30 [299] shows a schematic drawing of a hypervapotron cooling channel, while 

Fig. 2.31 [300] presents a photograph of a CuCrZr prototype fabricated using 

conventional methods. 

 

 

Figure 2.30 Schematic of a hypervapotron cooling channel designed for fusion applications. The concept 

features square internal fins integrated into a CuCrZr heat sink to enhance subcooled boiling and heat 

transfer under one-sided heating conditions. Dimensions and layout are representative of designs proposed 

for PFCs [299]. 

 

Figure 2.31 Photograph of a fabricated CuCrZr hypervapotron prototype, manufactured using 

conventional brazing techniques [300]. 
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The manufacturing of such intricate internal geometries has traditionally required 

complex, multi-step fabrication and assembly procedures. In contrast, AM offers a way 

to revisit and potentially improve these architectures by enabling monolithic fabrication, 

thereby reducing reliance on critical joining operations and enhancing structural 

reliability.  

A remarkable example of this potential has been recently demonstrated within the 

EUROfusion framework by Antusch et al. [268], who developed and tested three 

advanced divertor mock-ups using various combinations of AM techniques for both the 

W armour and the Cu cooling structures. In all three configurations, the W armour was 

fabricated via Powder Bed Fusion Electron Beam (PBF-EB, see section 2.2.3) on top of 

a lattice structure, which was subsequently infiltrated with pure Cu. In their most 

sophisticated configuration (mock-up III), the infiltrated W-Cu base was then flipped and 

reintroduced into a Powder Bed Fusion Laser Beam (PBF-LB, see section 2.2.3) system 

to directly print a pure Cu hypervapotron-like cooling structure onto the infiltrated W-Cu 

base, resulting in a fully integrated mock-up without any additional joining steps. 

Fig. 2.32 provides a schematic overview of the AM-based fabrication route used for 

mock-up III. 

 

 

Figure 2.32 Schematic representation of the AM-based fabrication route used for mock-up III in Antusch 

et al. [268]. A W flat-tile grid structure is first fabricated via PBF-EB and subsequently infiltrated with 

pure Cu. The component is then flipped and reintroduced into a PBF-LB system to directly print a 

hypervapotron-like Cu cooling structure, resulting in a fully integrated, joint-free W-Cu mock-up. 

This innovative fabrication route illustrates the capacity of AM not only to simplify 

manufacturing but also to enable novel architectures that would be extremely difficult to 

achieve by conventional means. The three mock-ups were subjected to high thermal 

loadings at the GLADIS facility (Garching LArge DIvertor Sample test facility, at IPP 

Garching, Germany), and all withstood the HHF testing with comparable or superior 

performance than conventionally manufactured counterparts. Fig. 2.33 [268] displays 
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infra-red (IR) images of mock-up III during cycling at 12 MW/m2. Similarly, Müller et 

al. [301] demonstrated the fabrication of W-Cu cooling structures featuring honeycomb-

like geometries produced via PBF-LB and subsequently infiltration with Cu. Fig. 2.34 

shows one of these components after the Cu infiltration. 

 

 

Figure 2.33 Infra-red (IR) images of mock-up III during HHF testing at 12 MW/m2, as presented in Antusch 

et al. [243]. The test were conducted at the GLADIS facility (IPP Garching, Germany). 

 

Figure 2.34 Photograph of a honeycomb-like WïCu cooling structure fabricated via PBF-LB and Cu 

infiltration, fabricated and reported by Müller et al. [301]. 
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Despite the numerous advantages and recent advancements outlined throughout this 

section, it is important to recognise that the additive manufacturing of Cu and Cu-based 

alloys ï such as IG-CuCrZr ï remains a particularly challenging task [302]. These 

challenges are rooted in intrinsic material properties that complicate their processing via 

metal AM techniques. Nevertheless, the unique capabilities of AM not only offer 

geometric and design freedom, but also hold significant potential for enabling engineered 

microstructures tailored to enhance both thermal and mechanical performance. 

Importantly, such microstructures can be specifically designed to meet the stringent 

demands of fusion environments, as previously envisioned for IG-CuCrZr by S.J. Zinkle 

[125]. The following sections will introduce the main metal AM processes and set the 

stage for discussing how these opportunities and the associated challenges are addressed 

in the present work. 

 

 

2.2.2. Additive manufacturing technologies 

The joint ISO/ASTM 52900 [254] standard provides a comprehensive glossary of terms 

and definitions for additive manufacturing, and classifies AM technologies into seven 

categories based on the type of material feedstock and the energy source used. Each 

category describes a distinct approach by which a digital 3D model is converted into a 

physical part through successive material addition. However, within the scope of this 

thesis, only those AM processes capable of producing high-performance metallic 

components are of interest: 

 

(a) Material extrusion: A process that involves selectively dispensing material through a 

nozzle, creating the 3D object from the relative movement between a nozzle and a 

substrate. Although this category includes conventional AM methods of thermoplastic 

polymers and particle-reinforced composites (Fuse Deposition Modeling, FDM; and 

Fused Filament Fabrication, FFF), the fabrication of metal and ceramic components is 

also possible by using highly-filled polymers (HP) as sacrificial polymeric binders [303]. 

These binders allow for the shaping of the intended component; they are subsequently 

removed, and the remaining powder particles are fused together in a conventional 

sintering step (shaping, debinding and sintering process, SDS). 

 

(b) Directed energy deposition (DED): It can be categorized into two groups from an 

energy perspective. The former deposits fine particles directly onto a substrate with 

sufficient kinetic energy to create a dense coating or layer, hence the name cold spray 

[304]. Due to the feedstock material nature, it can be identified as a powder-based 

technique. The other group focuses on thermal energy, selectively melting the feedstock 

material and successfully adding it onto the building platform. Depending on the nature 

of the feedstock material, thermally DED processes can be classified in wire- or powder-

based technologies. Similarly, the thermal source employed is used to coherently identify 
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the processes (laser beam-, electron beam-, plasma-, or electrical arc-based technologies). 

These AM techniques are primarily used for the fabrication of metal components. 

Electron Beam Direct Manufacturing (EBDM), Direct Laser Metal Deposition (DLMD), 

Wire and Arc Additive Manufacturing (WAAM) and Hybrid Laser-Arc Directed Energy 

Deposition (HLADED), are widespread examples of thermally DED additive 

manufacturing processes. In addition, common welding technologies like Gas Metal Arc 

Welding (GMAW), Gas Tungsten Arc Welding (GTAW) or Plasma Arc Welding (PAW) 

are also adapted for use in WAAM DED systems. Historically, these welding techniques 

have been used for repairing damaged metallic components [305, 306]. However, DED 

processes like DLMD offer a novel approach by providing high precision repairs with 

minimal impact on surrounding areas, aligning well with circular economy principles 

[307, 308]. 

 

(c) Powder Bed Fusion (PBF): This method employs a focused heat source, either a laser 

beam (PBF-LB) or an electron beam (PBF-EB), to selectively scan predefined locations 

on a metallic powder bed at a controlled speed. The energy input fully melts the powder, 

enabling it to fuse with the underlying layer and form a dense, cohesive structure. Powder 

layers are precisely spread and compacted on a build platform, which is incrementally 

lowered according to the specified layer thickness. Beam paths are defined for each layer 

based on the geometry of that cross-section and the chosen scanning strategy. PBF-LB 

systems operate under an inert atmosphere to prevent oxidation, whereas PBF-EB 

requires a vacuum environment to avoid electron scattering by air molecules. The process 

involves rapid melting and solidification in a highly localized region of the powder bed, 

generating steep thermal gradients along the build direction. This results in strongly non-

equilibrium microstructures that are not accessible through conventional manufacturing 

methods. 

 

(d) Binder jetting (BJT): Similar to material extrusion, BJT employs a liquid binder to 

consolidate powdered materials. However, unlike material extrusion where a composite 

of metal powders and a polymeric binder is extruded layer by layer, BJT involves 

selectively depositing binder droplets onto a powder bed, bonding the powder particles 

together at specified locations. Subsequent debinding and conventional sintering 

consolidate the net shape part fabricated. Compared to PBF technologies, BJT produces 

more accurate objects and does not required support structures [309]. In addition, the 

sintering step leverages mature technology with substantial knowledge available for many 

materials of interest, making it suitable for large-volume production series [310]. 

Nevertheless, implementing large-scale production through BJT requires meticulous 

monitoring of numerous factors, such as the quantity, quality and distribution of the 

precursor powder to ensure no cross-contamination occurs in storage, and that atmosphere 

must be controlled to prevent oxidation. Additionally, the binderôs composition must be 

carefully managed to prevent solvent evaporation and avoid chemical reactions that could 

alter its properties [311]. 
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Among the different AM technologies applicable to metals, PBF stands out as the most 

widely adopted and thoroughly investigated. Its capability to produce fully dense 

components with high dimensional accuracy and fine microstructural control makes it 

particularly attractive for critical applications across multiple industries. The 

predominance of PBF in the AM market may be influenced by a variety of factors, 

including the maturity and accessibility of laser-based technologies and advanced powder 

production techniques. According to a recent market analysis, PBF processes currently 

account for approximately 45% of the entire additive manufacturing market [312], 

underscoring their technological maturity and industrial relevance. 

Notably, empirical studies have estimated a sustained annual performance improvement 

rate of approximately 26.8% for PBF technology [313], reflecting its rapid technological 

advancement and reinforcing its position as a cornerstone in the field of metal AM. Given 

its technological maturity, widespread industrial use, and growing relevance in advanced 

materials research, the remainder of this chapter will focus specifically on PBF 

technologies. This includes an overview of the fundamental principles, process 

parameters, and their influence on the final components, as well as a review of the current 

state-of-the-art for both laser- and electron beam-based systems, with particular emphasis 

on their application to Cu and Cu-based alloys. 

 

 

2.2.3. Powder Bed Fusion (PBF): fundamentals and process parameters 

Building upon the general description provided in the previous section, this part delves 

into the key fundamentals governing PBF technologies. In these processes, a powder bed 

is selectively fused layer-by-layer through the application of a concentrated energy 

source, with the aim of creating dense and geometrically complex parts directly from 

digital models. The characteristic features of PBF include precise powder deposition, 

localized melting and solidification, and tight control over scanning strategies. The 

intricate interplay between processing parameters, heat transfer, solidification dynamics, 

and powder characteristics critically determines the resulting microstructure and 

performance of the final component. A thorough understanding of these underlying 

principles is crucial for optimizing process stability, enhancing material quality, and 

ensuring repeatability in PBF-fabricated materials. 

The PBF process is carried out in a coordinated system that combines several key 

components: a powder recoating mechanism, a build platform that moves down after each 

layer, and a focused energy source ï either laser or electron beam. The system operates 

under tightly controlled environmental conditions, typically involving either an inert gas 

or a high vacuum, depending on the energy source used. During the build process, a thin 

powder layer is spread over the platform and selectively melted according to the geometry 

of each cross-section. After solidification, the platform is incrementally lowered and the 

cycle is repeated until the part is fully formed. 
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Two main variants of PBF systems depending on the energy source can be used for metal 

AM: laser-based PBF (PBF-LB) and electron beam-based PBF (PBF-EB). A general 

schematic representation of each system is provided in Fig. 2.35 [314] and Fig. 2.36 [315]. 

These diagrams illustrate the essential components of the machines and highlight some 

of the most distinctive aspects of their operation. The PBF-LB system consists of a high-

power laser which selectively scans the metal powder bed under an inert atmosphere. The 

system includes the movable build platform, the recoating unit (typically a roller or a 

blade) and the powder supply reservoir from which the feedstock material is delivered 

before each layer is spread (dispenser unit). 

 

 

Figure 2.35 Schematic representation of a laser-based PBF system [314].  

 

Figure 2.36 Schematic representation of an electron beam-based PBF system [315]. 
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In contrast, the PBF-EB system uses a focused beam of high-energy electrons, which 

requires operation under high vacuum to avoid electrons scattering and ensure beam 

stability. As shown in Fig. 2.36 [315], the machine includes an electron column 

containing a filament that emits electrons, a series of electromagnetic lenses used to 

collimate, focus and deflect the beam, and a vacuum chamber enclosing the build 

environment. Powder deposition is carried out using hoppers positioned on both sides of 

the build area, from which the powder is raked across the platform. 

Operating in vacuum not only ensures beam stability and control, but also minimises 

powder oxidation and reduces the risk of gas entrapment during solidification. Gas 

entrapment has been associated with lack of fusion defects and residual porosity, which 

in turn can degrade the quality of the final component by reducing both its mechanical 

performance and functional properties (by reducing thermal conductivity) [316-318]. 

Considering this, PBF-EB offers an inherent advantage for processing metals with high 

oxygen affinity, such as Cu, where oxidation during fabrication can significantly affect 

density, microstructure and thermal properties. 

Residual porosity in the as-built material is a critical aspect in AM processes. Avoiding 

such defects requires accurately balancing the process parameters, which ultimately 

control the amount of energy delivered to the metal powder bed. The equation governing 

the average applied energy density E [J/m3] during the scanning of a layer can be 

expressed as follows for the PBF-LB process [319]: 

   

 
Ὁ  

ὖ
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(2.2) 

   

 

Where P is the laser power [W], v is the scanning velocity [m/s], h is the hatch distance 

[m], i.e., the spacing between adjacent scan tracks within a given layer, and t is the layer 

thickness [m]. As mentioned, the interaction between process parameters results in a 

complex mutual dependency that ultimately modifies the energy density applied to the 

powder bed. This energy input can be interpreted in terms of characteristic processing 

regimes, depending on whether it is sufficient, insufficient, or excessive. Fig. 2.37. 

illustrates this concept with an example of Ti-6Al-4V laser-based processing [314], where 

the relationship between scanning speed and laser power defines distinct regions 

corresponding to: fully dense parameters (Zone I), over-melting (Zone II), incomplete 

melting (Zone III), and overheating (Zone OH). 

While such diagrams are helpful for illustrating the influence of energy input, it should 

be noted that they assume constant values for other key parameters, such as hatch distance 

and layer thickness, which also influence the effective energy delivered to the powder 

bed. This representation is, of course, a simplification ï energy absorption and melting 

dynamics are also affected by other factors such as beam spot size, powder morphology, 

and thermal properties. Nevertheless, it provides a useful framework for understanding 

the general relationship between process parameters and defect formation. 
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Figure 2.37 Process parameter window for the production of Ti-6Al-4V via PBF-LB. Separated regions 

are distinctive in terms of the processing scanning speed and laser powder, defined as zones I (fully dense), 

II (over-melting), III (incomplete melting) and OH (overheating) [314]. 

During the melting of the powder bed, a localized molten region called the melt pool is 

created, as illustrated in Fig. 2.38(a) [314]. Its size, shape and continuity are directly 

governed by the interaction between the processing parameters, and vary significantly 

depending on the energy regime. Insufficient energy input (Zone III) results in small and 

discontinuous melt pools that hinder proper fusion between adjacent scan tracks. This 

phenomenon is schematically illustrated in Fig. 2.38(b) [314], where no overlapping 

between melt pools is observed. The resulting microstructure in this regime is featured 

by localized lack of fusion defects and grain boundary cracks, such as those reported by 

Felicioni et al. [320] in PBF-EB-processed CuCrZr, and illustrated in Fig. 2.39(a) and 

Fig. 2.39(b).  

 

 

 

 

Figure 2.38 (a) Schematic representation of the melting process and melt pool morphology [314]. (b) Top 

view of two adjacent hatch lines with discontinuous melt pools due to insufficient energy input (Zone III 

from Figure 2.36.). [314].   
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Figure 2.39 Examples of typical defects observed under insufficient energy input conditions [320]:  (a) 

Lack-of-fusion porosity and (b) grain boundary cracking in CuCrZr processed by PBF-EB. 

On the other hand, excessive energy input (Zone II) has similar effects on the final relative 

density, as it also promotes the formation of porosity and internal cracks. In this case, the 

melt pool becomes excessively large and unstable due to intense vaporization and the 

resulting vapour recoil pressure [314]. This condition can lead to the ejection of molten 

material, which rapidly solidifies above the build platform as spherical spatters. Some of 

these particles may fuse with the top surface, while others are removed by the recoating 

blade, leaving behind pits. These surface imperfections can later be trapped in subsequent 

layers, giving rise to randomly distributed porosity. More recently, studies such as those 

by Dong et al. [317], Felicioni et al. [320], and Li et al. [321] have shown that, when the 

over-melting condition is not excessive, the resulting microstructure can still exhibit 

relative densities close to 99%. In such cases, the residual porosity typically consists of 

isolated, spherical micropores. 

However, the process is not fully efficient, as not all photons from the laser beam are 

absorbed and their energy transmitted by the powder bed. The actual energy absorbed 

depends primarily on the optical properties of the material, particularly its reflectivity and 

surface condition. As a result, different metals require different processing conditions to 

achieve sufficient melting; for instance, Al  and W exhibit lower absorptivity than 

stainless steel, and therefore require higher power inputs to reach comparable energy 

absorption levels [322]. 

In addition, Boley et al. [316] showed that energy absorption across the powder bed is 

also highly non-uniform. Using ray-tracing simulations, they demonstrated that most of 

the laser energy is absorbed within the top powder layer, and that local variations in 

powder morphology and beam interaction give rise to significant fluctuations in absorbed 

energy. These non-uniformities can result in partial melting of particles, unstable melt 

pool dynamics, and the formation of residual porosity and surface defects. 

In the case of Cu and its alloys, a major challenge arises due to their inherently high 

reflectance at the typical emission wavelengths used in laser-based systems 

(approximately 90-95% under infra-red (IR) irradiation) [323, 324], combined with their 

high thermal conductivity. In addition, their high thermal conductivity tends to rapidly 

dissipate the absorbed heat throughout the material, which can hinder the build-up of 

sufficient local temperatures in the powder bed to induce complete melting. This 
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combination increases the risk of lack of fusion defects and makes full melting more 

difficult. Several strategies have been proposed to address these limitations, and will be 

discussed in detail in section 2.2.5. In contrast, the electron beam-based PBF process 

offers a significant advantage in this regard, as it is less affected by optical reflectivity 

and benefits from improved energy coupling under vacuum conditions. 

Unlike PBF-LB, where reflectivity of the metal surface play a critical role in determining 

the energy coupling efficiency, electron beams are corpuscular and interact with the 

powder bed through kinetic energy transfer, reaching an absorption rate typically around 

80% [325-328]. Preheating the powder layer with a defocused electron beam is commonly 

applied prior to selective melting, as it enhances thermal conductivity, improves cohesion 

between particles, and stabilizes the powder bed. This thermal conditioning also reduces 

the likelihood of defects linked to unstable melt pool formation and contributes to more 

consistent energy absorption across the layer [314]. 

In addition to these thermal effects, preheating also plays a key role in mitigating transient 

physical effects unique to electron-beam systems, such as the sudden dispersion of 

powder in a process commonly referred to as a smoke event [329]. This phenomenon 

arises from the interaction between the electron beam and metallic powders, which may 

acquire negative charge during scanning. The resulting electromagnetic interaction 

generates Lorentz forces that accelerate the charged particles vertically, causing their 

abrupt displacement and scattering. 

The frequency of such events, illustrated in Fig. 2.40 [330] via high-speed imaging, can 

be significantly reduced by preheating the powder bed through the build platform. 

Preheating promotes the formation of conductive paths between particles and the 

grounded base plate, dissipating accumulated charge and suppressing particle motion. 

Additionally, preheating enhances mechanical interlocking between particles and, in 

materials with high ageing temperatures, such as CuCrZr, can promote the formation of 

beneficial precipitate microstructures directly in the as-built condition ï potentially 

reducing or eliminating the need for post-processing treatments [264]. 

 

 

 

 

Figure 2.40 Powder layer spreading at different time intervals [330]. 
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Similarly to Eq. 2.2, the applied energy density during PBF-EB processing can be 

expressed using the same mathematical form, substituting the laser power with the 

electron beam power, and the hatch distance with the line offset ï the distance between 

the centres of two successive beam scans [329]. This parameter is illustrated in Fig. 

2.41(a) [314]. As shown, increasing the line offset reduces the overlap between adjacent 

melt tracks, significantly increasing the risk of lack of fusion defects by trapping 

unmolten powder inside the part. 

Regarding the electron beam power, the process is typically expressed and controlled in 

terms of beam current [A], which quantifies the number of electrons delivered per unit 

time. Since the acceleration voltage remains constant during operation, the actual beam 

power is given by the product of current (I) and voltage (V), ὖ ὍϽὠ. As such, the beam 

current serves as an operational and directly controllable indicator of the energy input. 

This parameter has an inverse correlation with the porosity obtained in the final 

component: increasing the current raises the energy density applied tothe powder bed, 

thereby improving fusion between particles and reducing lack of fusion defects [327]. 

However, if the beam current is too low, insufficient melting may result in irregular, non-

interconnected pores such as those corresponding to Fig. 2.39(a) (Zone III from 

Fig. 2.37). These are particularly difficult to eliminate in subsequent stages. Conversely, 

excessive beam current can lead to thermal issues such as overheating or part distortion. 

A careful balance must therefore be achieved to ensure process stability and optimal part 

quality. 

It is worth noting that, unlike laser-based systems, the scanning speed in PBF-EB is not 

constant by default. Instead, this parameter is typically controlled dynamically according 

to a so-called speed function, which depends on real-time conditions such as the local 

geometry and the thermal state of the build platform. However, previous research 

activities [331, 264] have concluded that disabling this speed function and operating at 

constant scanning speed can lead to improved process stability and melting consistency 

during the fabrication of pure Cu and CuCrZr. 

Another critical parameter in the PBF-EB process is the focus offset, which defines the 

distance between the focal plane of the electron beam and the surface of the powder bed 

(Fig. 2.41(b) [314]). Adjusting the focus offset controls the beam spot size, thereby 

influencing the energy density delivered to the powders and the resulting melt pool 

geometry. An increased focus offset results in larger overlapped areas but reduces the 

melting depth, by lowering the energy density applied. This can improve the surface 

roughness quality, but also increase the risk of lack of fusion if the value exceeds a certain 

threshold [314]. The focus offset is regulated by modifying the current passing through 

the electromagnetic coil lenses, and is therefore expressed in units of current [A].  
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Figure 2.41 Schematic of melt pool with increased line offset (a) and increased focus offset (b) [314] ; (c) 

Cross snake (CS) scanning strategy featuring a bidirectional scan pattern with 90° interlayer rotation. 

Overall, several process parameters influence the final relative density of the component 

in PBF-EB, and must be balanced. Among then, the scanning speed has been identified 

as the most critical factor affecting densification. This is followed in importance by the 

line offset, focus offset and beam current [314]. Optimising these parameters within a 

narrow processing window is therefore essential to ensure part integrity and repeatability 

in electron beam-based manufacturing. 

The scanning strategy also plays a key role in PBF processes, as it defines the path and 

orientation of the beam within each layer and how this pattern changes between 

successive layers. A commonly used approach is the cross snake (CS) strategy, consisting 

of a back-and-forth scanning pattern combined with a certain rotation between layers. 

This strategy, illustrated in Fig. 2.41(c) with a rotation angle of 90º, has been 

experimentally shown to promote dense components with strong interlayer cohesion, as 

the alternating scan directions contribute to a more uniform energy distribution [332]. 

Computational modelling further confirmed that applying a 90º rotation between 

successive layers is highly beneficial for minimising residual stress and reducing part 

distortion [333]. 

There is, however, a broad variety of possibilities regarding scanning patterns and 

interlayer rotations. Jia et al. [334] provided a comprehensive review of recent advances 
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in scanning strategy research, highlighting its critical role in tailoring densification, 

microstructure, residual stress distribution, and mechanical properties. From strategies 

based on uni- or bi-directional rastering to more complex schemes such as island, helix, 

contour, or point melting, the chosen pattern directly affects heat distribution and melt 

pool dynamics. 

Beyond its influence on densification and residual stress control, the scanning strategy 

also has a direct impact on the thermal history and solidification conditions within the 

melt pool. In most cases, the combination of high energy input and localized beam 

scanning leads to steep thermal gradients aligned with the build direction (BD), coupled 

with extremely high cooling rates within the range of 103-108 K/s [335-338], although 

values up to 1014 K/s are also known to be possible [339, 340]. 

This preferential alignment along BD arises from the fact that heat is primarily dissipated 

through the underlying solid layers, which exhibit much higher thermal diffusion 

coefficient than the surrounding powder bed, leading to steep vertical thermal gradients 

that favour upward solidification and epitaxial growth across successive layers [341, 

342]. These far-from-equilibrium conditions play a central role in defining the resulting 

grain morphology and crystallographic texture. 

 

 

2.2.4. Solidification-induced microstructural evolution in PBF processes 

As the laser or electron beam scans across the powder bed, the solidified material from 

previous layers acts as a substrate for the growth of new grains, resulting in melt pools 

that partially (sometimes almost fully) remelt the underlying material. This leads to 

repetitive thermal cycles and a predominantly unidirectional grain growth, oriented along 

BD. The evolution of grain structure under these conditions is largely governed by the 

interplay between two thermal parameters: the temperature gradient G [C/m] and the 

solidification or growth rate R [m/s]. Their combined effect determines not only the mode 

of solidification ï planar, cellular, or dendritic ï but also the extent of grain selection, 

typically resulting in elongated grains aligned with BD and a strong crystallographic 

texture, often inherited layer by layer through epitaxial growth from the underlying 

material [343]. 

Depending on the values of G and R, the solid-liquid interface can evolve into the 

previously mentioned morphologies: planar, cellular, columnar dendritic or equiaxed 

dendritic. Fig. 2.42(a) [344], Fig. 2.42(b) [345], Fig. 2.42(c) [346] and Fig. 2.42(d) [347] 

show examples of these microstructural features observed in processes involving steep 

thermal gradients and rapid solidification, such as Electron Beam Welding (EBW). These 

transitions are governed by the thermodynamic and solute conditions near the interface 

and are commonly described by the theory of constitutional supercooling, first proposed 

by Chalmers and co-workers [348, 349]. This theory establishes that a planar solidïliquid 

interface becomes unstable when the actual temperature of the liquid ahead of the front 

falls below its local liquidus temperature. This condition, known as constitutional 
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supercooling, arises from the solute enrichment occurring at the solidification front, 

which lowers the liquidus temperature locally and triggers the formation of cellular or 

dendritic structures. 

 

 

 

 

Figure 2.42 Nonplanar solidification structures in metallic alloys: (a) cellular, (b) columnar dendritic, (c) 

equiaxed dendritic, (d) three-dimensional view of dendritic morphology. Adapted from [316], with original 

images from [344], [ 345], [ 346], and [347], respectively. 
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Several compositional factors can enhance the extent of the constitutionally supercooled 

zone and increase the tendency for solute segregation and cell formation when [350]: 

i) The solute should be poorly miscible in the solid phase This occurs when the 

solubility of the solute in the solid becomes negligible near the solidification 

temperature, leading to a low equilibrium partition coefficient ὑ ρ. As a 

result, the solute is preferentially rejected into the melt, causing local 

enrichment and lowering the liquidus temperature ahead of the solidification 

front. 

 

ii)  The melting point of the solute must be significantly higher than that of the 

solvent (ЎὝ φχσὑ). Under rapid solidification conditions, such as those 

encountered in PBF or EBW, this thermal mismatch limits the time and energy 

available for homogeneous mixing in the melt, thereby promoting chemical 

segregation at the solidification front. 

 

Increasing the degree of constitutional supercooling leads to a transition in solidification 

mode from planar to cellular, to columnar dendritic, and eventually to equiaxed dendritic 

growth, as schematically illustrated in Fig. 2.43 [343]. The microstructural changes are 

represented in four stages. The letter S denotes the solid phase, L the liquid phase, and M 

the so-called mushy zone [351], a region in which solid and liquid coexist during dendritic 

growth. As constitutional supercooling increases, the mushy zone broadens, and 

columnar dendrites eventually give way to equiaxed dendrites due to easier nucleation 

ahead of the solidification front. 

 

 

Figure 2.43 Effect of constitutional supercooling on solidification mode [343]  (S, L, and M denote solid, 

liquid, and mushy zone, respectively). 
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The relationship between G and R can be further understood through the morphological 

map presented in Fig. 2.44 [343], which plots the solidification regime as a function of 

both parameters. This diagram clearly shows how the G/R ratio governs the stability of 

the solidification front: high values favour planar growth, while lower values promote the 

formation of cellular and dendritic structures. In other words, planar interfaces are 

stabilised under conditions of steep thermal gradients combined with relatively low 

solidification rates, whereas high R values destabilise the interface, even when G is large. 

In addition, the product GĀR influences the microstructural scale, with higher values 

leading to finer cellular or dendritic features. 

Under typical PBF conditions, both G and R are extremely high. Moreover, both present 

similar order of magnitude, thereby falling within the central region of the GïR diagram, 

favouring the formation of cellular or columnar dendritic microstructures. The resulting 

microstructure is characterised by significant refinement and constitutes a complex 

hierarchical architecture with features spanning multiple length scale ï from conventional 

grain boundaries (GBs) to subgrain-scale cellular solidification-induced patterns and 

nanoscale precipitate distribution, as in the case of precipitation-hardened alloys such as 

the one studied in this work. The nature and potential mechanical impact of nanoscale 

precipitates will be discussed later in this section. 

 

 

 

Figure 2.44 Effect of the temperature gradient G and growth rate R on the morphology and size of the 

solidification microstructure. The ratio G/R determines the solidification mode, while the product GẗR 

influences the microstructural scale [343]. 
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Although the terms ñcellularò and ñdendriticò are sometimes used interchangeably in the 

AM literature ï particularly in studies based on numerical simulations or focused on Ni-

based superalloys [352, 353] ï this generalisation arises largely from historical 

conventions in solidification theory. Actually, these morphologies represent distinct 

stages within a continuous transition driven by increasing constitutional supercooling 

(Fig. 2.43 [343]). Cellular substructures typically form under high G/R conditions and 

can be interpreted as columnar dendrites without secondary arms, growing epitaxially 

through competitive growth along the direction of the thermal gradient. In this work, the 

term cellular is adopted to describe such structures, which are consistently reported in 

PBF literature across various alloy systems, such as Al-based [354, 355], Co-based[356], 

or Fe-based [357, 358]. Fig. 2.45 illustrates representative examples of these cellular 

microstructures obtained from PBF-LB-processed AlSi10Mg (a) [354], CoCrMo (b) 

[356], and 316L stainless steel (c) [358]. 

 

 

 

Figure 2.45 SEM micrographs of different PBF-LB-processed parts showing cellular subgrain 

microstructures. Materials: (a) AlSi10Mg [354], (b) CoCrMo [356] and (c) 316L stainless steel [358]  

From a crystallographic perspective, the cellular substructures observed in AM materials 

are typically delineated by low-angle boundaries (LABs), often referred to as subgrain 

boundaries (sGBs), with misorientations generally in the range of 2°-10°. These 

misorientations arise from slight deviations in the growth direction of adjacent cells, 

which otherwise share similar crystallographic orientations. As constitutional 

supercooling increases, the morphology of the solidification front becomes less stable, 

leading to the formation of primary dendrites with greater orientation divergence between 

adjacent units. This evolution results in the development of high-angle boundaries 

(HABs). 

A clear example of this behaviour can be found in the work of Mao et al. [341], who 

processed Cu-15Sn by PBF-LB. Their low-magnification SEM micrograph (Fig.  2.46(a)) 

highlights two distinct regions ï magnified in Fig.  2.46(b) and Fig. 2.46(c) ï exhibiting 

cellular and dendritic structures, respectively. The dendrites are located primarily in the 

central regions of the melt pools, where reduced remelting can lead to stronger 

constitutional supercooling, while the cellular structures are more common in the 

overlapping zones between adjacent tracks. The authors also identified the phases present 

in each region, as indicated in the corresponding micrographs (with the high Sn content 
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likely amplifying the sensitivity to solute redistribution and promoting the emergence of 

columnar dendrites in areas such as that shown in Fig. 2.46(c), where solute segregation 

was evident). 

 

 

Figure 2.46 SEM micrographs of PBF-LB-processed Cu-15Sn in the as-built condition [341]: (a) Overview 

of a melt pool showing two distinct microstructural regions; (b) Cellular substructures observed in the 

overlapping zone between adjacent tracks; (c) Columnar dendrites developed in the central region of the 

melt pool. Identified phases are indicated in each micrograph. 

Segregation of alloying elements at cell boundaries has also been widely reported in 

various alloys processed by PBF-LB. In 316L stainless steel, Mo and Cr enrichment has 

been observed along subgrain boundaries, accompanied by the formation of transition-

metal-rich silicate precipitates [357]. In Al-based systems, Si segregation was reported in 

Al -12Si [355], and in AlSi10Mg it was also found finely dispersed as nanoscale 

precipitates within the Al matrix, contributing to a hardness increase of nearly 30 HV 

compared to that of high-pressure die-cast (HPDC) AlSi10Mg in the as-cast condition 

[354]. In Co-based alloys, Mo and Cr segregation has been observed at cell boundaries in 

CoCrMo systems [356], while in a similar alloy containing 0.2 wt.%C, vertically aligned 

carbide arrays were reported [359]. 

Interestingly, similar cellular structures have also been observed in nominally pure metals 

when a sufficient level of impurities is present. For example, Ramirez et al. [328] reported 

the formation of vertically aligned arrays of Cu2O precipitates in PBF-EB-processed 

copper powder with Ḑ1.5% oxygen-related impurities. These precipitates were 
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distributed along the subgrain boundaries of cellular structures elongated along BD, 

indicating that even in the absence of intentional alloying, impurity-driven segregation 

can induce constitutional supercooling and promote the formation of solidification 

substructures. 

Solidification-induced cellular substructures have also been associated with enhanced 

mechanical performance due to their effect on dislocation behaviour. The subgrain 

boundaries that define these cells act as partial barriers to dislocation motion, restricting 

slip and increasing strength while still allowing enough mobility to preserve ductility. 

This behaviour has been linked to a mechanism known as hetero-deformation-induced 

(HDI) hardening, in which local differences in resistance between grains and subgrains 

promote dislocation pile-up and long-range internal stresses [357, 360]. In this way, the 

conventional trade-off between strength and ductility can be overcome [350, 354, 357, 

361-363], which is rarely achieved through traditional alloy design strategies. 

A representative example of this mechanism is provided by Tang et al. [363], who 

processed IG-CuCrZr by PBF-LB employing a high-energy green laser. In the as-built 

condition, they observed well-defined cell substructures, with dislocations highly 

concentrated along the cell walls (Fig. 2.47). Consequently, these subgrains are often 

referred to in the literature as dislocation cells or dislocation cell substructures. 

Interestingly, no nanoscale Cr-rich precipitates were reported in the as-built samples. 

However, considerable tensile strength was achieved in this condition (YS = 400 MPa, 

UTS = 447 MPa). Notably, the mechanical properties were obtained despite a relatively 

low density of 98.07%. Therefore, the outstanding mechanical performance was primarily 

attributed to the dislocation cell substructures. After thermal ageing at 500 ºC for 1 h, Cr 

precipitates formed homogeneously throughout the matrix, while the dislocation density 

at the cell boundaries dropped significantly. 

While the G-R map provides a useful framework to understand the morphology and scale 

of solidification structures, it does not capture the local orientation of thermal gradients 

within the melt pool ï a critical factor in determining grain growth direction and texture 

during AM. In layered processes such as PBF, the thermal history is highly influenced by 

the scan strategy and melt pool geometry, which can induce significant spatial variations 

in gradient orientation from one layer to the next. 

Numerical simulation of the thermal gradients during solidification for ten PBF-EB layers 

by Helmer et al. [332], presented in Fig. 2.48, illustrates how different combinations of 

scanning speed and line offset affect the orientation of thermal gradients during the 

solidification of Inconel 718 using a CS scanning strategy with a 90º interlayer rotation. 

Under conditions of low overlap and remelting (scanning speed = 2.2 m/s, line offset = 

150 ɛm), the thermal gradient remains aligned with BD, promoting directional 

solidification and the development of columnar grains (Fig. 2.48(a) and Fig. 2.48(c)). 

Conversely, under higher overlap conditions (scanning speed = 8.8 m/s, line offset = 

37.5 ɛm), the gradient becomes more inclined relative to BD, as evidenced by the 

corresponding histogram (Fig. 2.48(d)), which no longer shows a single peak near 0°, but 

instead presents two distinct peaks centred around ±20-30°. 
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Figure 2.47 TEM micrograph of PBF-LB-fabricated CuCrZr in the as-built condition, showing dislocation 

cell substructures [363] . 

 

 

Figure 2.48 Thermal gradient orientations and intensity numerically simulated during solidification of ten 

PBF-EB layers of Inconel 718, using a CS scanning strategy with a 90º interlayer rotation [332]: (a, b) 

Magnitude and direction (indicated by the streamlines) of the thermal gradient; (c, d) Histograms of the 

thermal gradient deviation from BD, corresponding to (a) and (b), respectively. (Beam parameters: (a, c) 

v = 2.2 m/s and Loff = 150 µm; (b, d) v = 8.8 m/s and Loff = 37.5 µm) 
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These thermal conditions are reflected in the Electron Backscattered Diffraction (EBSD) 

orientation maps of Fig. 2.49(a) and Fig. 2.49(b) [332], showing a transition from 

elongated grains with <100> || BD texture and corrugated boundaries (red grains), to 

equiaxed, isotropic grains with no dominant orientation. A similar trend was reported by 

Guschlbauer et al. [325] in PBF-EB-fabricated Cu. In contrast, applying a much higher 

beam power and scan speed (1.5 m/s and 850 W) resulted in extensive overlapping and 

remelting, which led to the development of a fine equiaxed grain structure with straight 

boundaries (Fig. 2.50(b)). These observations confirm that, under appropriate conditions, 

the CS scanning strategy can give rise to either elongated grains with wavy boundaries or 

fully equiaxed microstructures, depending on the local thermal conditions during 

solidification. 

 

 

Figure 2.49 Electron Backscatterd Diffraction (EBSD) orientation maps of Inconel 718, PBF-EB-

processed under the two conditions simulated in Fig. 2.48. [332]. The maps are coloured by the 

crystallographic direction along BD. (Beam parameters: (a) v = 2.2 m/s and Loff = 150 µm; (b) v = 8.8 m/s 

and Loff = 37.5 µm) 

Nevertheless, the formation of elongated grains along BD has been widely reported in the 

literature for various alloys processed by PBF under different conditions [264, 341, 364-

368]. In addition, corrugated grain boundaries have also been observed in several studies 

employing CS scanning strategies with interlayer rotation angles of 45°, 67°, or 90° [341, 

364-367]. However, in these works, the wavy morphology of grain boundaries is rarely 

discussed in depth and is not generally attributed any specific mechanical relevance. 
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Figure 2.50 Microstructures of PBF-EB-processed pure Cu under two parameter sets [325]: (a) v = 2.5 

m/s and 275 W; (b) v = 1.5 m/s and 850 W. 

Conversely, in the context of high-temperature applications such as nuclear fusion, it is 

argued that this zigzag geometry may play a significant role in improving creep 

resistance. Corrugated grain boundaries introduce geometric constraints that hinder grain 

boundary sliding ï a dominant creep mechanism in fine-grained materials [245] ï and 

have been shown to enhance the high-temperature performance of various metallic 

systems [369-372]. The mitigation of grain boundary sliding has also been explicitly 

addressed in design strategies for fusion materials, where S.J. Zinkle [125] propose the 

incorporation of relatively large precipitates (Ḑ50 nm) at grain boundaries to resist 

sliding. In this context, corrugated grain boundaries may offer a complementary 

microstructural approach to achieve the same goal. 

Thermal conditions during solidification can vary significantly even within individual 

melt pools. These internal variations arise from the curved geometry of the melt pool 

boundary, local instabilities in melt flow, and the non-uniform dissipation of heat during 

rapid solidification [373]. As a result, not only the direction of the thermal gradient, but 

also the values of the thermal gradient and the growth rate (G and R), can fluctuate 

spatially across the melt pool. Fig. 2.51, based on thermal simulations by Dong et al. 

[373], illustrates this spatial evolution of G and R along the melt pool profile. According 

to their results, G reaches a maximum near the melt pool boundary ï where R is at its 

minimum ï resulting in extremely high G/R values that favour planar solidification. This 

region, referred by the authors as the heat-affected zone (HAZ), is followed by a transition 

zone where G gradually decreases while R increases, leading to a local reduction in the 

G/R ratio and the emergence of cellular or dendritic morphologies depending on the 

precise solidification conditions. 
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Figure 2.51 Schematic representation of the spatial variation of the thermal gradient G and growth rate R 

within the melt pool for a single laser track [373]. 

These spatial variations in thermal gradient orientation and magnitude can also influence 

the crystallographic growth direction within the melt pool. The phenomenon was 

experimentally observed by Yu et al. [352], who reported a marked variability in the 

orientation of dislocation cell structures within individual melt pools in PBF-LB-

processed 316L stainless steel. A representative SEM micrograph from their work is 

included here as Fig. 2.52 [352], showing abrupt changes in the orientation of adjacent 

subgrain regions that suggest local reorientations of the solidification front driven by 

spatially varying thermal gradients. This effect is particularly evident under conditions 

involving significant overlapping and remelting ï such as those simulated in Fig. 2.48(b) 

and Fig. 2.48(d) ï which disrupt the stability of the thermal gradient and promote 

heterogeneous grain growth. 

 

 

Figure 2.52  SEM micrograph showing dislocation cell substructures with abrupt changes in orientation 

between adjacent regions within a single melt pool in PBF-LB-processed 316L stainless steel [352]. 
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The progressive misalignment of the thermal gradient within the melt pool not only 

affects the direction of solidification-induced cellular and dendrites microstructures, but 

also plays a pivotal role in the development of a crystallographic texture. As a result, the 

wide range of solidification conditions encountered in PBF processes leads to equally 

diverse texture outcomes across different materials and parameter sets. The complex 

interplay between the various processing parameters involved in PBF has been 

systematically reviewed by Suwas et al. [374], highlighting how key factors such as beam 

power, scan speed, scanning strategy, etc. govern melt pool geometry and, ultimately, the 

degree of overlapping and remelting, both of which are critical in determining the final 

texture. In the following, some representative cases reported in the literature are presented 

to illustrate the diversity of crystallographic textures obtained under different AM 

conditions. 

In cubic systems, textures with the <100> direction aligned with BD are commonly 

reported, particularly under conditions that promote directional solidification along this 

axis. The case of PBF-EB-processed Inconel 718 reported by Helmer et al.  [332] 

(Fig. 2.49(a)) has already been discussed, but this tendency has also been observed in 

other systems, such as Al-based alloys [354], pure Cu [375] and Cu-based alloys [320]. 

However, deviations from this classical <100> || BD fibre texture (where BD can be 

interpreted as the rolling direction (RD) in conventional rolling processes) are not 

uncommon. This is consistent with the high variability exhibited by the solidification 

front as a result of specific processing parameters. 

Alternative preferential orientations such as <110> || BD have been also reported, 

specially under conditions that promote deep melt pools and extensive remelting. A 

notable example is provided by Nordet et al. [323], who investigated the use of high-

energy green laser sources for a PBF-LB processing of pure Cu (while a general 

description of the microstructures evolution under PBF processed is given in this section, 

details about the state-of-the-art of laser- and electron-based PBF processing of pure Cu 

and Cu-based alloys will be provided in the following section, 2.2.5). In their work, 

distinct chevrons patterns and a solidification front tilted approximately ±45º from BD 

were obtained under the particular conditions provided by the use of high-energy laser 

beam source. 

The influence of melt pool geometry on the variation of the solidification front is clearly 

illustrated in Fig. 2.53(a) and Fig. 2.53(b) [323], where the authors highlight different 

preferential epitaxial growth directions and a direct correlation with the resulting 

chevron-like columnar microstructure. The schematic in Fig. 2.53(b) shows two types of 

regions: areas marked as ñ1ò correspond to continuous columnar growth with <100> 

aligned with BD, whereas zones labelled ñ2ò indicate lateral epitaxial growth leading to 

a local alignment of <110> with BD. A similar crystallographic evolution was observed 

by Andreau et al. [376] in PBF-LB-processed 316L stainless steel, as shown in Fig. 2.54., 

where the same ñ1ò and ñ2ò labels have been added to facilitate comparison with 

Fig. 2.53. In this case, the central region of each melt pool, unaffected by overlapping 

from adjacent tracks, shows a clear tendency towards <100> || BD alignment. In contrast, 

the lateral edges of the melt pools exhibit more pronounced <110> || BD along with 

increased scattering, both promoted by overlapping. 
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Figure 2.53 PBF-LB-processing of pure Cu manufactured with a high-energy green laser [323]: (a) 

Composite of multiple optical micrographs arranged around a cubic model to provide a three-dimensional 

visualisation of the columnar grain structure; (b) Optical micrograph highlighting the melt pool 

morphology and the variation in the unit cell growth direction within individual melt pools. Regions marked 

as ñ1ò show unit cells with <100> aligned with BD in the central part of the melt pool, while regions ñ2ò 

exhibit lateral growth with <110> || BD alignment in areas affected by overlapping. 

In addition to the well-documented <100> and <110> fibre alignments with BD, the 

presence of <111> directions aligned with the normal direction (ND) has also been 

reported. For instance, Yang et al. [377] identified a significant <111> || ND component 

in CuCrZr processed by PBF-LB using a 67º rotation between layers. This behaviour 

suggests that inclined solidification fronts may develop not only along BD but also in 

transverse directions, depending on the scan strategy and melt pool morphology. 

Although several studies have reported the development of crystallographic texture in 

AM materials, quantitative metrics to describe it are rarely included. In particular, 








































































































































































































































































































































































